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Abstract

Mid-temperature creep deformation in the range of 600 to 850◦C is assuming

greater importance in Ni-based superalloys. This is because the design operating

temperature of the combustion cycle is increasing as the new generations turbofan

engines become more efficient. The temperature at the rim of turbine disks

and the root of turbine blades can be in this critical range of temperatures for

significant portions of the mission cycle, leading to a complex time-dependent

mode of plasticity called “microtwinning”. Unfortunately this kind of coupled

displacive-diffusive deformation mechanism is not yet well understood, and even

the range of temperatures and stresses where microtwinning occurs is not clearly

defined.

This work explores the fundamentals of this phenomenon, from the kinetics of

microtwinning to its influence on the mechanical behaviour of the material. To

achieve this objective, coupled computational-experimental studies have been

carried out. First, the contribution of microtwinning mechanism to the creep

deformation of a single crystal superalloy is studied. The accumulated creep strain

computed from quantitative stereology of the tested samples supports the role of this

mechanism in conferring plastic deformation. Second, the chemical composition of

the microtwins is analysed by means of atomic-resolution characterisation techniques

(APT and TEM). Segregation of γ′-stabilisers to the growing faults is found to be
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crucial for the understanding of the creep mechanisms in this range of temperatures.

Third, a model for diffusion-controlled growth of microtwins is proposed and used

to recover the experimental creep strain rates. This then provides the basis for a

thermodynamically consistent constitutive model developed on the basis of crystal

plasticity theory. The constitutive model is subsequently implemented into a finite

element code to study the activation of the different plastic mechanisms within

single crystal and polycrystalline aggregates depending on the crystal orientation.

With the support of this model, a relation between the rotations of the crystal

and the creep life of the different crystal orientations is established. The numerical

and experimental results ultimately reveal the critical role of the microtwinning on

the asymmetric behaviour of the alloy and thus, its influence on the mechanical

performance.

Key words: creep, superalloys, segregation, microtwinning, continuum mechanics,

crystal plasticity
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Preface

Notation
The following general scheme of notation is used in the present work:

• Scalars are written as italic light-face letters or Greek light-face letters (e.g.

J , ψ0 or e0).

• Vectors and second-order tensors are written as bold-face minuscules or

majuscules (e.g. n, m, L, l or F).

• Fourth-order tensors are written as blackboard bold-face letters (e.g. C).

The indicial notation for the Cartesian components of the second-order and fourth-

order tensors is using the similar typesetting except without the bold-face style,

e.g. bi, Fij and Cijkl denote a vector, second-order tensor and fourth-order tensor,

respectively.

In terms of mathematical operations, some symbols are listed in the following.

The tensor (or dyadic) product between two vectors is denoted as a ⊗ b (aibj).

Single contraction of vector (or internal product) is indicated as a b(aibi). Double

contraction of tensors (internal product of second order tensors) is indicated by a

double dot, such as A : B (AijBij). For fourth order tensors, the internal product

is indicated as A :: B (AijklBijkl). Common mathematical symbols are adopted as
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well, e.g. transpose is denoted by superscript "T", an inverse by superscript "-1",

etc. Arguments of functions are enclosed in {} brackets.
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a lattice parameter
A area of stacking fault
b condensed deformation vec-

tor associated with the phase
transformation

b Burgers vector
Ce elastic right Cauchy-Green

tensor
C elastic stiffness matrix in Ω0
Ccrys elastic stiffness matrix in the

crystal reference frame
c chemical concentration
ctr chemical concentration of the

transformed phase in Ω0
cpa-∞, cpa chemical concentration in the

parent phase far from the pa-
tr interface in Ω0

cpa-int chemical concentration in the
parent phase at the interface

Dp:s symmetric part of the plastic
slip velocity gradient tensor
in Ω

Dp:tr symmetric part of the plastic
transformation velocity gradi-
ent tensor in overlineΩ

de symmetric part of the elastic
velocity gradient tensor in Ω

Ḋ global dissipation rate per
unit of reference volume

Ḋslip dissipation rate due to slip
deformation per unit volume
in Ω

Ḋtransformation dissipation rate due to phase
transformation

Deff effective diffusivity
DCo Co diffusivity
DCr Cr diffusivity
δtr:β transformation dilatational

strain per unit volume of sys-
tem β

Ee elastic Green-Lagrange strain
tensor

e0, e specific internal energy per
unit volume in Ω0 and Ω

η0, η specific entropy per unit vol-
ume in Ω0 and Ω

ε macroscopic strain
F deformation gradient tensor
Fe elastic deformation gradient

tensor
Fp:s plastic slip deformation gra-

dient tensor

Fp:tr plastic transformation deformation
gradient tensor

F∆V volumetric deformation gradient as-
sociated with the phase transforma-
tion produced per unit volume of
slip system α

Frep force due to dislocation elastic re-
pulsion

Ffault force due to the change of fault en-
ergy

Fpartial total force on the partial dislocation
Fτ external force
f0 volumetric transformed phase frac-

tion in Ω0
f volumetric transformed phase frac-

tion in Ω
f0:β volumetric transformed fraction of

system β in Ω0
fγ′ fraction of γ′ precipitates
ftwin twin fraction
γtr transformation shear strain per unit

volume
γα shear strain of slip system α

γ̇0 reference strain rate
γtwin twin shear strain
γSF stacking fault energy
γSESF SESF stacking fault energy
γCISF CISF stacking fault energy
γAPB APB stacking fault energy
G specific Gibbs free energy
∆G0 activation Gibbs free energy at zero

stress
∆G activation Gibbs free energy
H height of the specimen
h hardening moduli parameter
ht height of the twin ledge
I identity matrix
J determinant of the deformation gra-

dient
J tr determinant of the transformation

deformation gradient
J chemical flux
K0 zero order Bessel function
Lp:s

0 , Lp:s plastic slip velocity gradient tensor
in Ω0 and Ω

Lp:tr
0 ,Lp:tr plastic transformation velocity gra-

dient tensor in Ω0 and Ω
l velocity gradient tensor
le elastic velocity gradient tensor
L length of the specimen
l dislocation length/twin front length
lchar characteristic length of the diffusion

problem



M Mandel stress tensor in Ω
m slip direction
mα/β rate sensitivity parameter of system

α/β

µtr specific chemical potential of the
transformed phase in Ω0

µpa specific chemical potential of the
parent phase in Ω0

µ0 interface mobility
n slip plane normal
ν vibrational frequency
∇X gradient with respect to Ω0
∇x gradient with respect to Ω
Ω0, Ω, Ω, Ω initial, first intermediate, second in-

termediate relaxed and deformed
configurations

Ω0 adimensionalised concentration
p pressure/Péclet number
ψ0, ψ Helmholtz free energy per unit vol-

ume in Ω0 and Ω
ψpa

0 parent phase Helmholtz free energy
per unit volume in Ω0

ψtr
0 transformed phase Helmholtz free

energy per unit volume in Ω0
ψ0:chem chemical term of the specific

Helmholtz free energy per unit vol-
ume in Ω0

ψ0:mech mechanical term of the specific
Helmholtz free energy per unit vol-
ume in Ω0

ψ, λ Schmid angles
φ plastic function
q heat flux per unit volume

in Ω/interaction hardening
parameter/non-dimensional
interface mobility

Rcrys→Ω0 rotation matrix between crystal ref-
erence frame and Ω0

Rtwin rotation matrix between the parent
crystal reference frame and the twin
crystal reference frame

r radial distance in the diffusion prob-
lem/heat generation per unit vol-
ume

S0, S, S second Piola-Kirchhoff stress tensor
in Ω0, Ω and Ω

sα/β resistance for slip/phase transfor-
mation of system α/β

s shear produced by a whole twinned
crystal

SFtwin twin partial Schmid factor
SFpartial trailing partial Schmid factor
σcri critical stress for twin nucleation

σ Cauchy stress tensor
σpa parent phase Cauchy stress tensor
σtr transformed phase Cauchy stress

tensor
T absolute temperature
τ resolved shear stress
v velocity tensor
vtr twin ledge velocity within the γ′
vtr average twin ledge velocity
V0, V volume of material in Ω0 and Ω
Wp:s skew part of the plastic slip velocity

gradient tensor in Ω

Wp:tr skew part of the plastic transforma-
tion velocity gradient tensor in Ω

W width of the specimen
X, Y Cartesian coordinates in the diffu-

sion problem
x, y non-dimensional coordinates in the

diffusion problem
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1 Introduction

1.1 Efficient design of aero engines
Gas turbines in aircraft gain thrust by transforming the chemical energy of fuel to

acceleration of the surrounding fluid (air). The temperature and pressure evolutions

along the cycle of a typical aeroengine are illustrated in Fig. 1.1. Since the first

turbojet in the late 1930s, engineers have been seeking to increase the efficiency of

this cycle in order to reduce fuel costs and CO2 fingerprint. The cycle efficiency

increases as the system operates at higher temperatures, a tendency historically

followed as observed in Fig. 1.2.

The materials used for each section of the cycle are mainly chosen by consideration

of the temperature reached in every stage. The aforementioned increase of temper-

ature in turbines could not be possible without the development of new Ni-based

superalloys with higher temperature capabilities. These metals are used extensively

in the most critical hot parts of the turbine engine, especially in the first stages of

the turbine section.

However, with increasing in-service temperatures, these alloys are now facing the

activation of new deformation mechanisms. These mechanisms present a complex

1
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Figure 1.1 – Different stages in a commercial turbine engine cycle (top) and
temperature and pressure evolution of the air flow through the different stages of
the turbine engine cycle (bottom). Adapted from [1]

coupling between chemistry and plasticity that is still not fully understood; let alone

their effects on the component performance. These complex creep mechanisms are

introduced next.

1.2 Mid-temperature mechanisms in Ni-based su-

peralloys
The creep deformation behaviour of the Ni-based superalloys controls the service life

of most turbine components used in modern aeroengines [2]. The micromechanics

in service of these materials are not entirely understood, but it is known that there

is a strong dependence upon temperature, orientation and the magnitude of the

applied stress [3].

This strong dependence is due to the wide variety of deformation mechanisms

observed in these metals as illustrated Fig. 1.3. At high temperatures, thermally

activated climb of dislocations has been observed to be the dominating deformation

mechanism [5, 6]. When the temperature is low enough to prevent the domination

2
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Figure 1.2 – Historical evolution of the turbine entry temperature and the specific
fuel consumption of aeroengines [1]. ACARE - Advisory Council for Aviation
Research and innovation in Europe.

of thermally activated diffusive processes, paired dislocations can shear the γ′

precipitates creating a defect called antiphase boundary (APB), or bypass them

by the Orowan looping mechanism [7, 8]. Less fully understood is the region

at mid-temperature and lower stresses where the time-dependent process called

microtwinning has been observed. In turbine disks of aircraft engines, where middle

region temperatures (600-850◦C) are present, microtwinning has been reported to

be an important deformation mechanism [9, 10, 11].

The consequences of this deformation mechanism on the mechanical behaviour

and microstructure of these superalloys are poorly understood. Undesirable re-

crystallisation associated with the twin growth has been observed in single crystal

superalloys by Moverare et al. [2]. They also discovered that microtwin bands

enhance the fast propagation of cracks, leading to a catastrophic failure of the

material. Some authors also reported segregation of heavy elements to the twin

boundaries [10, 3].
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Figure 1.3 – Deformation map for a polycrystalline superalloy illustrating the
dependence on stress, temperature and strain rate. Adapted from Smith et al. [4].
For single crystal superalloys the map is also dependent on the crystal orientation.

Traditionally, mechanical twinning has been described as an almost instantaneous

displacive process that occurs at low temperatures when the number of active linear

independent shearing systems is reduced thus promoting the activation of other

deformation mechanisms [12, 13]. This is not the case for Ni-based superalloys,

where a diffusive step is coupled with the time-independent shearing of partial

dislocations making this phenomenon present only at high temperatures [10, 11].

This special link between the diffusive phenomena and the displacive dislocation

shearing requires a completely new understanding of the twinning problem in

Ni-based superalloys. Despite some previous research efforts [9, 10], the mechanism

remains largely unknown.
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1.3. Aim of the current research and thesis structure

1.3 Aim of the current research and thesis struc-

ture
In order to continue improving the capabilities of Ni-based superalloys, more

fundamental research of these new active mechanisms is needed. First, a greater

understanding of the underlying physics, i.e. segregation assisted plasticity or

dislocation systems, is needed, for example to elucidate the temperature and stress

dependence of the mechanisms and the competition among them (stacking faults

vs. antiphase boundaries). Second, for design purposes, this understanding needs

to be scaled up into thermomechanical consistent continuum models which can

capture the relevant phenomena while retaining the dependence on the lower scales

accurately. Finally, simulations of the relevant microstructures are needed to predict

the mechanical behaviour of the alloy including these mechanisms which might be

active during service. This work aims at linking the different scales of the problem

in order to provide a deep understanding of the microtwinning mechanism, see Fig.

1.4.

1.3.1 Contributions of the current work

The contributions of this work to the field can be summarised in five major points:

1. Identification of the microtwinning regime conditions for a commercial single

crystal superalloy MD2. The mechanism mapping is done by a systematic

campaign of creep tests to study the influence of temperature, stress and

orientation on the activation of the microtwinning mechanism. First, the

influence of the orientation is studied by fixing the temperature at 800◦C. The

three main high symmetry orientations are tested: 〈001〉, 〈011〉 and 〈111〉.

5
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Figure 1.4 – Multiscale experimental and modelling framework.

Second, the orientation is fixed to 〈011〉 and tests at different temperatures

and tensile stresses are performed. This allows to understand and identify

the dependence of stress and temperature on microtwin formation.

2. Multiscale characterisation of the deformation mechanism occurring in the

mid-temperature range. This includes:

• Macroscale (optical microscopy): Fractographic studies are per-

formed on the tested specimens to elucidate the role of microwinning on

fracture damage. A clear connection between microtwin formation and

embrittlement of the fracture is found.

• Microscale (scanning electron microscopy – SEM, and elec-

tron backscattered diffraction – EBSD): A combination of SEM

and EBSD techniques are used to identify the operative deformation

mechanisms and to quantify the twin fraction formed during the creep

tests. Additionally, EBSD analyses on the deformed regions are per-

formed to study the distribution of microstrains around the microtwins.

6



1.3. Aim of the current research and thesis structure

These results are used to understand the link between microtwins and

the embrittlement of the materials in the studied regime.

• Atomic scale (transmission electron microscopy – TEM and

atom probe tomography – APT): TEM characterisation is used to

elucidate the deformation mechanisms occurring during creep and the

related physical phenomena, i.e. solute atmosphere around the growing

faults and segregation assisted shearing. Furthermore, APT studies are

used to quantify the chemical composition of the faults.

3. Modelling of the experimentally observed deformation mechanisms. This

includes:

• Physical model of the diffusion micromechanics: The observa-

tions made in the APT and TEM studies are incorporated in a ledge-

fault type growth model. By solving the diffusion field around the fault

front tip, the growth velocities can be calculated and eventually the

experimental macroscopic creep rates can be predicted.

• A continuum mechanics theory which links the lower scale

mechanisms to the macroscopic behaviour: A phase transforma-

tion formulation for microtwinning is developed from the First and

Second Principles of Thermodynamics, thus assuring the energetic con-

sistency of the model. A multiscale approach is used to link the influence

of the chemical composition at the atomistic scale with the flow rule at

the macroscale through the free energy function of the system.

• A crystal plasticity-finite element (CP-FE) framework apply-

ing the continuum mechanics theory to model the mechanical
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1.3. Aim of the current research and thesis structure

behaviour of Ni-based superalloys: A series of FE simulations

for different creep conditions at 800◦C are performed to validate the

proposed constitutive model. The framework is used to elucidate the in-

fluence of orientation and load direction on the activation of the different

creep mechanisms. Additionally, the computational model is extended

to the study of polycrystalline aggregates for validation purposes.

1.3.2 Thesis structure

For this purpose, the work presented in this thesis is structured as presented in

Fig. 1.5:

Chapter 2 provides a complete review of the topic from two different points of view:

physical metallurgy and continuum mechanics. First, the previous experimental

observations of creep microtwinning related mechanisms are reviewed along with

the different physical metallurgy theories to explain them. Second, an overview

of the continuum mechanics and the crystal plasticity foundations is presented.

The different approaches developed historically to tackle computationally the creep

deformation problem in superalloys and the mechanical twinning are also reviewed.

Chapter 3 focusses on the mechanical characterisation of the single crystal superalloy

MD2 at mid-temperature. Tension and compression creep tests are presented

in the relevant range of temperatures (750-850◦C) and stresses (625-700MPa)

for microtwinning. The study is structured in two sections. First, the effect

of orientation on the mechanical performance at 800◦C is studied. Then, the

orientation is fixed and the study is focussed on the effect of temperature and

stress on microtwin formation. These results are used to quantify the role of the

microtwinning mode in conferring deformation by means of quantitative stereology
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measurements of the twin fraction. Finally, the embrittlement associated with

microtwins formation is studied.

In Chapter 4, atomic resolution microscopy techniques are used elucidate the

diffusion processes associated with the plastic deformation during creep. TEM

and APT are used combined to characterise the chemical changes around the

different deformation faults responsible for the creep deformation. The experimental

observations are rationalised, focussing on the different diffusion scales present

during twin extension.

In Chapter 5, this rationalisation is incorporated into a model for diffusion-controlled

growth of segregated faults. From this emerge estimations of the twin lengthen-

ing/thickening kinetics. Finally, the model is used to recover the macroscopically-

observed creep rates. The work provides the basis for the thermo-mechanical

constitutive model developed in the next chapter.

In Chapter 6, the modelling is scaled up to the continuum scale. A general

constitutive framework is proposed for phase transformation problems. This is then

particularised for the case of microtwin formation in a multiscale fashion. This model

has been developed under the assumptions of large deformation and thermodynamic

consistency. The model couples the kinetics of the phase transformation with

changes of the chemical composition and, therefore, diffusion between phases in a

CP framework

In Chapter 7, the developed model is used for the study of creep deformation of

the single crystal MD2 superalloy. The constitutive framework is implemented into

a CP-FE code to study the orientation dependence of the activation of the different

plastic mechanisms. The results are used to rationalised the tension/compression

asymmetry and the distinct creep lives observed experimentally in Chaper 2. Finally,

9



1.3. Aim of the current research and thesis structure

the model is extended to the study the creep deformation of the polycrystalline

version of MD2 superalloy as a validation of the proposed framework.

Finally, Chapter 8 summarises the main findings of this thesis and its contribution

to the field. The link between the different scales is emphasised and the implications

of the thesis findings on the future alloy design are detailed. The future research

lines are also identified for further investigation.

Figure 1.5 – Thesis structure showing key research activities divided by chapter.
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2 Literature review

The first section in this chapter presents the work done to date on the physical

aspects of microtwinning in Ni-based superalloys. This provides the basis for the

review presented in the second section on the different approaches that have been

developed to tackle the problems of creep in Ni-based superalloys and twinning in

metals.

2.1 Physical metallurgy of metals: microtwin-

ning
Metals are well known for undergoing large amounts of plastic deformation before

failing. Plastic deformation of these materials is caused by several mechanisms

such as slip, twinning, phase transformation or shear banding. The deformation

mechanisms studied in this thesis are confined to a mix of slip, twinning, phase

transformation coupled together. The basic concepts of the plastic slip and twinning

mechanics are explained next. For a further review of the topic, the reader is

referred to the work of Honeycombe [14].

11



2.1. Physical metallurgy of metals: microtwinning

2.1.1 Crystallography of plastic deformation

Crystalline metals are formed by atoms arranged in a pattern that repeats itself

periodically in space [14]. In order to deform a metal plastically, these atoms need

to move relative to each other along certain planes. This requires the rupture of

atomic bondings leading to theoretical stresses tens or hundred times higher than

the observed ones [14]. The discrepancy between the theoretical stresses and the

experimentally observed ones is explained by the presence of dislocations.

Dislocations are structural defects in the crystal lattice allowing the metal atomic

planes to glide by reducing drastically the stress required for such gliding [15, 16].

The process of dislocation gliding is explained in Fig. 2.1. Structurally, dislocations

represent an extra half plane of atoms in the lattice. The intersection of the half

plane and the glide plane (GP) is referred as a dislocation line. A dislocation is

defined by its dislocation line vector and the Burgers vector. The Burgers vector b

quantifies the difference between the distorted lattice around the dislocation and

the perfect lattice, see Fig. 2.1.

GP

a) Initial perfect lattice

GP GP

Extra plane

Burger Circuit

b) Faulted dislocation lattice c) Sheared lattice

Figure 2.1 – a) Initial atomic arrangement under a shear stress τ ; b) dislocation
defect structure with a Burgers vector b. The circuit detailed around the dislocation
defines the Burgers vector; c) final perfect atomic sheared structure.

Dislocations glide along well-defined crystallographic planes. Such crystallographic

planes are referred to as slip planes, while the glide direction is defined as the slip

12



2.1. Physical metallurgy of metals: microtwinning

direction. The combination of a particular slip plane and slip direction is defined as

the slip system. In FCC metals such as Ni, slip dislocations move primarily along

one of the six closed-packed 〈110〉 directions, lying on four {111} planes. These are

illustrated in Fig. 2.2.

Figure 2.2 – Six different sliding systems in FCC metals.

2.1.2 Slip, stacking faults and twinning

The stacking sequence of {111} planes in a FCC metal is ABCABCABC so the

fourth layer relative position coincides with the first as shown in Fig. 2.3a. A full

dislocation of Burgers vector b = a/2〈110〉 (a is the lattice parameter) translates

the atoms in the B layer to other adjacent B lattice sites as observed in Fig. 2.3a.

The shear produced by a full glide event leaves the final {111} stacking sequence

unaltered. In this movement, the atoms in the B layer need to overcome the blue

atoms below making this path energetically unfavorable. In order to avoid this, the

full shear can be split into two partial shears as indicated in Fig. 2.3a. In order for

this to happen, the full dislocation needs to dissociate into two smaller ones; these

are referred to as partial dislocations.

2.1.3 Stacking faults

The energy of a dislocation is proportional to the square of its Burgers vector

E ∝ Gb2. This makes the dissociation process energetically favourable in this sense.

However, the shear of a partial dislocation transforms the stacking sequence as
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Figure 2.3 – a) Atomic path for a perfect dislocation (left). The staking sequence
remain unaltered (center). The full dislocation can split into two partials creating
a fault in the stacking sequence among them (right); b) stacking sequences for the
different type of faults in FCC metals.

indicated in Fig. 2.3a (right). This is referred as a stacking fault (SF) and it has an

associated fault energy measured in J/m2. In monoatomic FCC metals two different

types of stacking faults can be found: extrinsic stacking faults (ESF) and intrinsic

(ISF). The first occurs when an extra plane is inserted in the sequence (ABCBABC)

and the second one when a plane is removed (ABCBC). The stacking sequences

for the different faults are summarised in Fig. 2.3b. In intermetallic compounds

such as superalloys, where the atomic structure is more complicated, the ESF and

ISF ramificates into a wide variety of complex stacking faults [3]. These faults are

usually of higher energy due to the near atomic neighbour violations formed.

2.1.4 Twinning

The creation of stacking faults is intimately related to the formation of twins.

Twins are formed by the continuous shear of partial dislocations on consecutive
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2.1. Physical metallurgy of metals: microtwinning

gliding planes as indicated in Fig. 2.3b. Twinning can be considered as a slip

shearing coupled with crystal rotation [17]. This deformation mechanism has

been historically associated with low temperature modes of deformations [18, 19].

However, in the case of Ni-based superalloys this phenomenon is observed at relative

high temperatures (above 600◦C) suggesting that its kinetics are somewhat different

from the low temperature phenomenon.

Figure 2.4 – Schema of twinning geometric elements.

Four important geometrical elements define any twin system (Fig. 2.4): the shearing

plane K1, the shearing direction η1, the second undistorted plane K2 and the

second undistorted vector η2. All the atoms above the shearing plane are displaced

proportionally to its distance to K1 [20]. Depending on whether the Miller indexes

of these four elements (η1,η2,K1,K2) are rational numbers or not, two kind of

twins can be defined: type I twins (K1 and η1 rational) and type II twins (K2

and η2 rational) [21]. When the Miller indexes of all the geometrical vectors are

rational numbers, both types merge to compound twins (mixture of type I and

II). Most FCC metals, due to their high symmetry, belong to this latter group [21]

with Ni-based superalloys not being an exception [10].
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2.1. Physical metallurgy of metals: microtwinning

2.1.5 Creep and time-dependent plastic deformation

At high temperatures (T ≥ 0.4Tm), the deformation of metals is governed by

thermally activated deformation mechanism for which diffusive processes are rate

controlling. This regime where plastic deformation occurs even when the stresses

are below the yield strength is referred to as creep. The mechanisms include

long range diffusion creep, dislocation climbing of precipitates or short range fault

reordering among others. This work is focussed on the deformation mechanisms

that include dislocations gliding within their forming processes. The relation

between the observed macroscopic deformation and the microscopic shearing of the

dislocations is usually modelled by the Orowan equation:

γ̇ = ρm b v (2.1)

which simply states that the deformation rate γ̇ is the result of the product of the

gliding dislocation density ρm, the average dislocation velocity v and the Burgers

vector magnitude b. This law was originally postulated for standard dislocation

glide but can be used also for the case of dislocation climb [22]. Following statistical

thermodynamics [22] the average dislocation velocity can be expressed as:

v ∝ ν λ exp
{−∆G

kT

}
(2.2)

where ν is the vibration frequency of the dislocation, λ is the average distance

advanced on every successful event, k is the Boltzmann constant and T is the

temperature. The activation energy ∆G is used to characterised the barrier process

limiting the dislocation shearing (climb of the precipitates, atomic reshuffling, etc.).
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2.1. Physical metallurgy of metals: microtwinning

The energy barrier ∆G includes the work produced by the external stress acting

over the dislocation during the thermally activated event and can be written as:

∆G = ∆G0 − V τ (2.3)

where ∆G0 is the activation energy under zero stress, τ is the resolved shear stress

produced by the external load and V = −∂G
∂τ

∣∣∣
T=cte.

is the activation volume, which

is related to material volume involved during the thermally activated event. The

experimental determination of V is of great importance because it represents a

faithful fingerprint of the deformation mechanism. This characteristic volume

presents small values for short range reordering processes and larger ones for

dislocation solute interactions.

The general concepts of plastic deformation introduced here are considered in the

next section for the case of mid-temperature deformation mechanisms in Ni-based

superalloys.

2.1.6 Ni-based superalloys

Ni-based superalloys are biphasic alloys composed of an arrangement of γ′–Ni-Al(Ti)

precipitates embedded coherently in a Ni-γ matrix as illustrated in Fig. 2.5. This

unique combination is intimately related to the anomalous yield strength increase

with temperature (“yield anomaly”). This phenomenon has been exploited in most

of the turbine components in the last 60 years.
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2.1. Physical metallurgy of metals: microtwinning

Figure 2.5 – a) Typical microstructure in a Ni-based superalloy (MD2) with an array
of cubic γ′ precipitates embedded coherently in a γ matrix; b) atomic structure of
γ and γ′ phases.

Considerable research has been carried out to develop an understanding of the

wide variety of deformation mechanisms prevalent in single crystal superalloys.

At the highest temperatures of approximately 850◦C or beyond, climb-assisted

glide of dislocations around the strengthening γ′ precipitates is accepted to be

the dominant deformation mechanism [5, 6]. When the temperature is sufficiently

low (below around 600◦C) the traditional view is that pairs of dislocations can

shear the γ′ precipitates, creating an antiphase boundary (APB), or else bypass

them by the Orowan looping mechanism [7, 8] if the γ′ fraction is low enough.

More controversial is the region between 600 and 850◦C where a range of different

mechanisms have been reported [10]. An example is the stacking fault shear in

which strongly coupled dislocations separated by intrinsic/extrinsic faults shear

the γ′ precipitates. But it is also within this temperature regime that a rather

different deformation mode is found: deformation by microtwinning [9]. This

deformation mechanism consists of thin bands of up to a few microns of rotated

lattice running through the γ matrix and γ′ precipitates [10]. Although the physics

of this phenomenon differs from the low temperature mechanical twinning, the

geometrical and mechanical consequences stated before in Section 2.1.4 persist in

microtwinning.
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2.1. Physical metallurgy of metals: microtwinning

2.1.6.1 Microtwinning observations in Ni-based superalloys

The microtwinning mechanism was first postulated by Kear et al. [23] in the 1970s

as a viable mode of deformation in superalloys. Since then, several authors have

reported the formation of microtwins in both single and polycrystalline superalloys

at many different temperatures and stresses, see Fig. 2.6 and Table 2.1 which

summarise the information in the literature so far. One notices that microtwinning

has been reported at rather lower temperatures in polycrystalline alloys (between

650 and 750◦C) than in single crystals, where it has been observed generally in

the range 750 to 850◦C. Moreover, the stress needed to activate it varies from

superalloy to superalloy: it has been found to vary between stresses of 500 and

850MPa, see Fig. 2.6. At this stage, it seems reasonable to believe that the kinetics

of the microtwinning mechanism depend strongly upon alloy chemistry but also

on microstructural features such as precipitate size or alloy type: e.g. single or

polycrystalline systems.
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Figure 2.6 – Microtwinning conditions observed in the literature [24, 25, 26, 27, 28,
29, 6].
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2.1. Physical metallurgy of metals: microtwinning

Table 2.1 – Experimental tests for which twinning was observed as a major de-
formation mechanism in Ni-based superalloys. S refers to single crystal alloy
whereas P refers to polycrystalline alloys. T refers to tensile stress while C refers
to compression test.

Reference Alloy Stress (MPa) Temp (◦C) Direction
Ardakani et al. [24] 1-CMSX-4 (S) 690 (T) 750 <111>

2-CMSX-4 (S) 500 (T) 850 <111>
3-CMSX-4 (S) 540 (T) 750 <011>
4-SRR90 (S) 850 (T) 750 <011>

Knowles and Gunturi [26] 5-CMSX-4 (S) 350 (C) 950 <001>
6-CMSX-4 (S) 750 (C) 750 <001>
7-CMSX-4 (S) 350 (T) 950 <256>

Knowles and Chen [25] 8-CMSX-4 (S) 720 (T) 750 <165>
9-CMSX-4 (S) 750 (T) 750 <111>

Viswanathan et al. [6] 10-René 88DT (P) 838 (T) 650 -
11-René 88DT (P) 790 (T) 650 -

Unocic et al. [28] 12-René 88DT (P) 750 (T) 750 -
13-René 104 (P) 482 (T) 704 -

Unocic et al. [29] 14-René 104 (P) 724 (T) 677 -
Tian et al. [27] 15-Co-Based (P) 630 (T) 725 -

2.1.6.2 Microtwinning Mechanics

In parallel to these observations, rationalisation of the micromechanics of defor-

mation has become increasingly possible as new experimental observations have

emerged [23, 25, 10]. Originally, Kear et al. [23] assumed that the formation of

microtwins occurs as a consequence of the formation of isolated superlattice intrinsic

stacking faults (SISFs) in γ′ which coalesce at high values of strain as illustrated

in Fig. 2.7a. This was believed to be driven by the annihilation of dislocation

pile-ups of opposite signs. Later, Knowles and Chen [25] called into question the

need for the annihilation process. Instead, an autonomous system of dislocations

was assumed to create a twin band behind them. A somewhat different mechanism

was proposed first by Kolbe et al. [9] and then later adapted by Kovarik et al. [10],

in which the need for localised atomic diffusion was emphasised as indicated in
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2.1. Physical metallurgy of metals: microtwinning

Fig. 2.7b. In this model, the set of proposed dislocations leads to a high-energy

faulted structure within the γ′ phase (the so-called complex stacking fault – CSF)

within the γ′ phase which, after a four-step atomic reordering process, regresses

to a perfect crystal structure with an effective rotation of 60◦ with respect to the

parent phase. Kovarik et al. [10] estimated the energy barrier for the reordering

process to be close to the self-diffusion energy for Ni in the γ′ phase, justifying

their assumption with atomistic simulations. This theory is supported by the

experimental observations of Legros et al. [30]. They observed that dislocations

slow down when they go from the γ matrix to the γ′ precipitates due to the diffusion

step only present in the γ′ phase (no Al wrong-neighbour structure is formed in

the γ phase).

It should be stated that the relatively high value of this energy barrier contrasts

with the lower activation energy for twinning and stacking fault-mediated shear

found in other FCC alloys. Unfortunately, even though these models successfully

explain the atomic deformation path leading to the final rotated configuration, they

offer an unsatisfactory explanation for how the dislocations overcome the initial

energy barrier imposed by the CSF which is very high, of the order of 300mJ/m2.

The latest findings which make use of atomic-resolution analysis techniques on

single crystal superalloys offer some suggestions which address this conundrum.

Chemical fluctuations have been linked experimentally to the formation of faulted

structures after mid-temperature deformation (650-850◦C). In a series of Co-based

superalloys, Titus et al. [31] reported partitioning of heavy elements such as Co,

Cr, W and Ta to stacking faults (SFs), both SESFs and SISFs. Furthermore, Smith

et al. [32] observed the segregation of Co, Nb, Ti and Ta along the SFs using

interrupted creep tests in a single crystal version of the polycrystalline superalloy
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Figure 2.7 – a) Dislocation diagrams for the different microtwinning theories pro-
posed in the literature: Kear et al. [23], Knowles and Chen [25] and Kolbe/Kovarik
et al.[9, 10]; b) detailed diagram of the microtwinning model proposed by Kolbe
[9].

ME3, later extended to its polycrystalline version [4]. Furthermore, the latter

revealed the formation of a high-density Co/Cr atmosphere which encloses the SF

tip. Despite these experimental observations, the understanding of the segregation

processes and its coupling with the deformation kinetics is far from being complete.

Some of the attempts to explain the process are reviewed next.
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2.1. Physical metallurgy of metals: microtwinning

2.1.6.3 Physical models for microtwinning

Although significant efforts have been aimed at explaining microtwinning in super-

alloys [10, 9], many aspects of the process remain to be understood; twin nucleation,

propagation and coupling with other diffusional processes are controversial. There

is little work focussed on these aspects which are crucial to eventually developing

faithful continuum models. The physical study of the nucleation and propagation of

microtwins can be reduced to the work of Knowles and Chen [25] for the nucleation

and the work of Karthikeyan et al. [33] for the propagation of the microtwins.

Supported by energetic balances, Knowles and Chen [25] proposed a twin nucleation

criterion based on the critical radius of a twin nucleus rc:

rc = 1
2

µn2b2

nbτ − γSF
where



n − number of layers in the nucleation process

µ − shear modulus of γ′

γSF − stacking fault energy

For SISFs, bSISF= a/3〈112〉 whereas for SESFs defects, bSESF= a/6〈112〉. According

to this model, rc for a SESF defect is half the value of rc for a SISF one, making

a twin more likely to be formed after a SESF than after a SISF defect. This

is confirmed by experiments where the microtwins are always related with the

appearance of SESFs [9, 11]. These defects can be observed under compression in

the 〈001〉 direction and in tension in the 〈011〉 direction [26, 25].

On the other hand, the microtwinning continuum model of Karthikeyan et al. [33]

is based on the assumption that the atomic reordering proposed by Kolbe [9] is

the time-limiting process for dislocation glide. They assumed an exponential drop

of the fault energy from the initial high energy CSF (GCSF) to the completely
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2.2. Continuum modelling of microtwinning in Ni-based superalloys

reordered low energy SESF (GSESF) promoted by atomic diffusion after the twin

shearing (pseudo to real twin transformation):

G(t) = (GCSF −GSESF)e−Kt +GSESF (2.4)

where K is a diffusion constant related to the diffusivity of the atomic reordering

Dord and t is the time after shearing. The strain rate produced by microtwinning

is then obtained by the energetic balance of the dislocation system:

γ̇ = ρ bDord(b/x2)
ln [f2(GCSF −GSESF)/(2τeffb− f2GSESF)] (2.5)

where x is the short range diffusion length, f2 is volume fraction of secondary γ′, ρ

is the density of partial dislocations and τeff = τ − f3ΓCSF
2b is the effective stress on

the dislocation, where f3 is the fraction of tertiary γ′.

Although the theory shows good accordance with some superalloys (René 104), it

fails to take into account dislocation density evolution, thus leading to important

errors in other superalloys (René 88). Furthermore, Viswanathan et al. [11] proved

that the reordering process occurs over a larger distance, which may explain the

overestimation of the dislocation motion reported by Karthikeyan et al. [33].

2.2 Continuummodelling of microtwinning in Ni-

based superalloys
Two main challenges arise in the modelling of the microtwinning mechanism in

Ni-based superalloys; first the constitutive modelling of the creep response at high

temperature and secondly the numerical and constitutive treatment of the rotations
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produced by the twin mechanism. The reader is referred to the work of Hozpafel

et al. [34] and Roters et al. [35] for further reference on continuum mechanics and

crystal plasticity theory.

2.2.1 Crystal plasticity modelling of creep in Ni-based su-

peralloys

Crystal plasticity (CP) has demonstrated the ability to model faithfully the me-

chanical crystalline response of superalloys at high temperatures [36, 37, 38, 39].

Ghosh et al. [36] proposed a phenomenological CP model for uniaxial creep of single

crystal superalloys including the effect of crystallography and tertiary creep. In this

approach, slip over octahedral {111} and cubic {001} planes is considered. Brehm

et al. [40] extended this study by including a precise description of the dislocation

densities for the different slip systems and their interaction. MacLachan et al.

[37] proposed a simplified power-law model with a reduced number of parameters

including the effect of partial 〈112〉 shear on the creep rates, which was assumed

to be symmetric. Their results capture with good agreement the creep response

for tensile 〈001〉 and 〈111〉 orientations. The work of Busso et al. [41] accounts

for the additional hardening effects associated with dislocation density gradients,

which have been proved crucial to cause the γ′ strengthening in superalloys. Part

of this work is further extended in Zhao et al. [42] in a diffusion-mechanical

coupled framework to study the influence of oxidation on the crack initiation in

Ni-based superalloys CMSX-4. The work of Kashiro et al. [43] provides a detailed

insights into the nucleation mechanisms of 〈110〉 superpartials using a coupled

FE-dislocation dynamics model. Shenoy et al. [44] developed a rate dependent,

microstructure-sensitive CP model of the mechanical behaviour of polycrystalline
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IN100 at 650◦C. The model is based on the generation of representative volume ele-

ments (RVEs) of the actual microstructure and a physically based CP constitutive

framework. Ma et al. [39] incorporated the climb mechanism over γ′ precipitates

in a dislocation based CP model and obtained a good prediction of all stages of

creep for 〈001〉 orientation. They further developed the model [45] by including

the chemical dependency of the diffusivity on the climbing rates. The work of Kim

et al. [46] extended this approach for a wider range of alloys by accounting for

the alloy composition in the calculation of the elastic properties. Vorster et al.

[47] developed a RVE method for predicting the creep strength of a wide range of

single crystal superalloys. In this model, the plastic deformation (in the form of a

stochastic viscous law) is constrained to the γ channels, while the γ′ precipitates

are assumed to deform elastically. This method has been extended by Keshavarz et

al. in several studies [38, 48, 49, 50] to a three-scale framework: (i) precipitate level;

(ii) single crystal level and (iii) polycrystalline level. The bridge between scales is

performed by the identification of the material parameters from the lower scale in

a bottom-up approach. In this model they have included the plastic deformation

of the γ′ phase and non-Schmidian effects. The major limitation of the models

developed until now is that their effectiveness is usually proven for a limited set

of crystal orientations or loading conditions without accounting for the chemical

changes during plastic deformation reported in the literature [51, 52, 53].

Despite all the research described for the case of creep in superalloys, limited

work has been done to study the mechanics of microtwinning in superalloys. The

work of Keshavrarz et al. [48] is the sole one in the literature that considers this

deformation mechanism in a pseudo-twinning model. The twin nucleation criterion

is obtained from Unocic et al. [29]: twin partials are nucleated if, after overcoming

26



2.2. Continuum modelling of microtwinning in Ni-based superalloys

a threshold stress, the leading partial undergoes a higher stress than the trailing

partial due to differing Schmid factors, leading to dissociation. This model shows

good correlation with experimental results for CMSX-4, proving its ability to

simulate mid-temperature superalloys behaviour. However, its phenomenological

modelling and the fact that twinning is simply a simple shearing prevents the study

of some of the microtwinning’s effects (crystal reorientation, twin fraction, diffusion

coupling, etc.).

2.2.2 Twinning in crystal plasticity models

Twin rotation in computational plasticity models introduces additional difficulties to

the standard slip formulations [54, 55]. These challenges arise from the reorientation

produced in the twinned element. Two different approaches can be found in

the literature regarding the twin rotation treatment as indicated in Fig. 2.8:

micromechanical models and continuum mechanics models.

In the first approximation, a twinned element is considered as a new grain, which

forms abruptly, thus affecting the convergence of computational models. In these

models, the characteristic element size is comparable to the twin thickness for

mechanical twins or to the twin step size in the case of diffusion assisted twinning.

Several models can be found in the literature which attempt to describe twinning

by this approach [56, 57, 58]. To tackle the twinning problem, Van Houtte [56]

proposed a crystallographic rotation governed by the volume fraction of the twinned

regions; a grain is allowed to reorient if the accumulated twin fraction f reaches

a critical value ftw. This scheme has been successfully introduced in visco-plastic

self-consistent models [59, 60], and CP-FE models [57, 58].

In the second approximation, the problem is treated on the continuum scale and each
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2.2. Continuum modelling of microtwinning in Ni-based superalloys

element transfers smoothly from the untwinned state to the twinned state [61, 35].

This means that the mechanical response is the result of the homogenisation within

the element. The homogenisation can consider the elastic deformation of each part

independently [61]:

S = f Stw + (1− f) Spa (2.6)

where Stw and Spa are the second Piola-Kirchhoff stress of the twin phase and the

parent phase, respectively.

Alternatively, it can be assumed that both phases undergo the same elastic defor-

mation, being the overall response a combination of the stiffness matrices of both

phases:

S =
[
f Ctw + (1− f)Cpa

]
: Ee (2.7)

where Ctw and Cpa are the elastic stifness matrix of the twin phase and the parent

phase, respectively and Ee is the Green-Lagrange strain tensor. This last approach

is the one considered in this work and will be further extended later.

Microscopic approach Continuum approach

if

if

Figure 2.8 – Different modelling approaches for the twin problem. γtw, γ̇, ftw, Vtw
and Vpa refers to the reference twin shear, the twin shear rate, the critical twin
fraction for crystal rotation and the volume of twin and parent phase, respectively.

The work done to date on the creep deformation of Ni-based superalloys in the

studied range of temperatures (650-850◦C) is clearly extensive. However, these
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2.2. Continuum modelling of microtwinning in Ni-based superalloys

models do not include other time-dependent deformation mechanisms, recently

observed, such as microtwinning, or their coupling with the chemical changes

during deformation. Further insights into the physics of Ni-based superalloys are

needed to provide reliable models to predict their mechanical behaviour within this

temperature region.
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3 Macroscopic characterisation of

mid-temperature creep in a single

crystal superalloy

3.1 Introduction
Resistance to plasticity is a significant advantage of the Ni-based superalloys,

particularly when in single crystal form [62, 2]. But a distinction must be made

between the time-dependent mode of deformation – so-called creep deformation –

which is prevalent at high temperatures and/or low strain rates [36, 63, 64] and

the time-independent – commonly athermal – behaviour [65, 66] which dominates

at ambient conditions. Clearly, since many technological applications require the

analysis of deformation behaviour, it is important to know which of the two modes

is the more likely. This challenge – which has still to be overcome – becomes

even more daunting under the loading conditions at which the athermal and creep

responses are approximately equal [67, 10, 68, 6, 69, 70].

For the single crystal superalloys the situation is made more acute by the finding

that a time-dependent viscous deformation mode involving the propagation of

microtwins [26, 9, 10, 30, 71, 6] can occur at this cross-over point. Although

these findings confirm the crucial role in conferring plastic deformation of the
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3.2. Experimental methods

microtwinning, many issues need to be addressed. It is known that many variables –

i.e. temperature, stress, loading direction, microstructure, alloy composition – play

a crucial role in determining the dominant deformation mechanism. To rationalise

all the different effects seems a daunting task; it is not surprising therefore that

no constitutive modelling of the microtwinning effect accounting for stress and

temperature dependence exists as yet. Clearly, what is needed is a controlled

experimentation carried out across a range of temperature and stresses, designed

in a systematic way. In this chapter, the chemical composition and microstructure

are fixed, thus allowing for the influence of temperature, stress and orientation to

be studied experimentally.

The present chapter – which is motivated by the above – describes a broad testing

experimental campaign to understand the dependence of microtwinning on stress,

temperature and crystallographic orientation. The study is organised as follows.

The first section is focussed on the effect of the orientation and loading direction on

the activation of microtwinning at a fixed temperature. The second section studies

the temperature and stress dependence of the microtwin formation for a fixed

orientation. Stereological measurements are performed to quantify the changes

on the twins population as a function of the stress and temperature. Finally, the

consequences of microtwinning on fracture behaviour are discussed.

3.2 Experimental methods

3.2.1 Material

The prototype single crystal Ni-based superalloy MD2 is selected for use in the

present study. Its nominal chemical composition is given in Table 3.1. Single crystal

castings were produced in rod form using standard investment casting routes and
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3.2. Experimental methods

solution treated for 8 hours at 1275◦C, then aged following a two-step process:

6 hours at 1080◦C and 16 hours at 870◦C to yield a uniform distribution of γ′

precipitates.

Table 3.1 – Chemical composition (wt.% and at.%) of Ni-based superalloy MD2.

Ni Al Co Cr Hf Mo Ta Si Ti W
wt. % Bal. 5.0 5.1 8.0 0.1 2.1 6.0 0.1 1.3 8.1
at. % Bal. 11.24 5.25 9.33 0.03 1.33 2.01 0.22 1.65 2.63

3.2.2 Creep testing

3.2.2.1 Tension creep tests

A series of tensile creep tests were performed using an Instron electro-thermal

mechanical testing (ETMT) machine. A schematic illustration of the experimental

set-up and sample geometry for the tensile tests is presented in Fig. 3.1. For heat

application, the system uses the Joule effect with a 400 A DC supply providing

electrical current through the sample to generate heat. Miniaturised dog bone

specimens of 1.6×1mm2 cross section were machined from single crystal cast bars

using wire-guided electro-discharge machining (EDM). Specimens were mechanically

ground using 1200 grit SiC paper prior to testing to ensure the removal of any

induced damaged layer. The testing temperature was controlled by a K-type

thermocouple centrally welded onto the specimen. Digital image correlation (DIC)

was used to measure the strain within the central 3mm of the specimen [72]. The

tests were performed in air. A constant load was maintained during each test.

Creep tests were performed twice in each case to confirm acceptable repeatability.
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3.2.2.2 Compression creep tests

Uniaxial compression creep tests were conducted in an Instron servo-electric machine.

Fig. 3.1 illustrates the test system and the sample geometry. Cylindrical specimens

of �5×5mm3 were machined from cast bars using EDM. Custom-made grips were

manufactured as illustrated in Fig. 3.1. Silicon carbide plates were used to transfer

the load between sample and the grips. A conventional three-zone furnace was

used to provide the desired control of the temperature. The temperature was

monitored with type K thermocouples at the upper and lower grips. The maximum

measured temperature deviation during the tests were confined to within ±3◦C.

Tests were performed in air and specimens were held for 15 minutes to reach uniform

temperature before each test commences. The specimen strain was monitored

during the tests using DIC. Boron nitride was used as a lubricant to reduce the

friction between the sample and the plates.

3.2.3 Microstructural characterisation

Metallographic examination of the samples was performed using a JEOL 6500F

field emission gun scanning electron microscope (FEG-SEM) equipped with a TSL

Digiview II EBSD detector.

EBSD maps for geometrically necessary dislocation (GND) density calculations

were obtained with the tested sample located at a working distance of 15mm, tilted

70◦ and oriented with the rolling direction parallel to the tensile axis of each sample.

GND-EBSD diffraction patterns were acquired using a square grid with a 0.05µm

step size, a 30 kV accelerating voltage, 600 pA probe current and a 0.5 s acquisition

time at the full 1000×1000 pixel resolution per pattern. A custom Matlab script

[73] was then utilised to calculate lattice curvatures identified through the saved
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Figure 3.1 – Experimental set-up and sample geometries used for tensile and
compressive creep tests (measurements are in mm).

digitised diffraction pattern from each location within the square grid. Measured

lattice rotations were subsequently used to calculate the spatially resolved GND

content [74].

Backscattered electron images (BEI) of the tested samples were acquired at 10 kV

with a 300 pA probe size in order to fully exploit the channelling contrast created

by the change in crystallographic orientation of the twins. Images in BEI mode of

the twinned structures were used to perform a quantitative stereology assessment of

the twin fraction and thickness using image analysis software Image J [75]. Equally

spaced micrographs of 20×20µm2 were taken to obtain a representative value of

the twin fraction and thickness – starting from the fracture surface and moving
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along the tensile direction. The different twin fractions were analysed statistically

in order to obtain a mean value for each testing condition within the central 3mm

of the sample. These results were used to map the twinned structure morphology

as a function of the stress and the temperature.

Additionally, EBSD low magnification maps of the previously BEI mode imaged

regions were obtained to confirm the presence of microtwins using a Zeiss Evo LS1

W-filament SEM equipped with an Oxford Instruments EBSD detector. Finally,

the fracture surfaces were characterised using an Alicona optical microscope.

3.3 Influence of the crystal orientation on the

microtwinning activation
A series of tension and compression uniaxial creep tests were performed at a fixed

temperature in order to study the orientation dependence of the microtwinning

mechanism. The stress and temperature conditions of the study were selected

carefully by the previous reported microtwinning conditions indicated in Fig. 2.6.

A temperature of 800◦C was selected for all tests. Different stresses in the range of

625-700MPa were selected for subsequent model calibration purposes in Chapter

7. Three different high-symmetry orientations were tested: 〈001〉, 〈110〉 and 〈111〉.

EBSD was used to measure the deviation of the crystal direction from the ideal

nominal orientation, see Table 3.2. The testing conditions for all tests are presented

in Table 3.3.

Table 3.2 – Nominal orientations and measured orientations for the single crystal
samples used in this study.

Nominal Orientation 〈0 0 1〉 〈1 1 0〉 〈1 1 1〉
Measured Orientation 〈0.02 − 0.07 0.99〉 〈0.73 0.67 − 0.08〉 〈0.66 0.53 0.54〉
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Table 3.3 – Creep tests conditions for single crystal MD2 at 800◦C.

Direction Tension (MPa) Compression (MPa)
〈001〉 − 650 675 700 625 650 675 700
〈011〉 625 650 675 700 − 650 − 700
〈111〉 − 650 − 700 − 650 − 700

The measured tensile and compression behaviours for the different studied orien-

tations are shown in the creep curves in Fig. 3.2. The repeat tests performed for

validation are presented in Fig. 3.3 for the specific case of 800◦C for the loading

direction 〈011〉. The creep strain rates computed from the curves in Fig. 3.2 are

presented in Fig. 3.4. A strong anisotropy of the creep response is found. Moreover,

a tension-compression asymmetric behaviour is observed especially for the crystals

oriented along 〈011〉 and 〈001〉. Further examination of the active deformation

mechanisms is presented next.

Post-mortem examination of the samples was carried out to identify the orienta-

tions and conditions for which microtwinning occurs. Combined SEM and EBSD

techniques were used to identify the deformation features and confirm their twin

character. Some examples of these deformed structures are presented in Fig. 3.5a.

The activation of microtwins is observed along the 〈011〉-direction during tensile

deformation and along the 〈001〉-direction in compression. The number of active

twin systems is found to vary from one direction to another. A single twin system

is identified for tensile 〈011〉 microtwins while for 〈001〉 compression microtwins,

two conjugate families of twin systems are observed. This is in agreement with

the number of highly stressed twin systems expected for the measured orientations

[25]. Although in the SEM image in Fig. 3.5a two twin systems are clearly active

for 〈001〉 compression, the EBSD image in Fig. 3.5a for the same condition shows

only one twin system. This can be explained by the limitation on step size of this
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Figure 3.2 – Creep strain curves for MD2 single crystal superalloy at 800◦C for the
loading directions 〈001〉, 〈011〉 and 〈111〉 and stresses between 625MPa to 700MPa
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Figure 3.3 – Repetitions for the creep tests of MD2 single crystal superalloy at
800◦C for the loading direction 〈011〉 and stresses between 625MPa to 700MPa

technique. The EBSD misorientation for all cases is 60◦ consistent with twinning

in FCC. Additionally, the fact that formation of these twin bands is not observed

in the reversed-load tests (〈011〉-compression and 〈001〉-tension) implies that the

microtwinning formation mechanism is strongly antisymmetric.

The proposed explanation for this behaviour is presented in the atomic model of

Fig. 3.5b. In this figure, three adjacent FCC closed packed {111} atomic planes

are presented. By sliding the top layer over the bottom and middle layers along

the closed packed FCC slip directions 〈011〉 and 〈112〉, the following different

deformation mechanisms take place:

• Slip along 〈011〉 directions by a full dislocation (with a Burgers vector |b| =

a/
√

2, where a is the lattice parameter): this leads to a correct stacking

sequence but wrong neighbours structure at the shear plane (the local ordering

of Al and Ni atoms is corrupted). This shear direction is totally symmetrical
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so it cannot explain by itself the mechanical response observed. Hereafter,

this mechanism is referred to as octahedral slip or APB shearing.

• Slip along 〈112〉 directions by a partial dislocation. In this case, two different

situations can happen. (i) In a forward positive movement along 〈112〉

(represented as green arrows in Fig. 3.5b and |b| = 3
√

6
2 a), a superlattice

intrinsic stacking fault (SISF) is created. This configuration is not considered

in this work because its large Burgers vector implies a high elastic energy

needed for the partial dislocation to form and therefore, it is unlikely to

occur [76]. Additionally, the atomic path of the sliding plane is required to

overpass the atoms on the subsequent layer, which involves an extra high

energy barrier. (ii) However, if the dislocation shear occurs in the opposite

direction (red arrows in Fig. 3.5b and |b| =
√

6
2 a), a high energy structure

called complex intrinsic stacking fault (CISF) is created. The combination

of this type of shear over consecutive layers along with various diffusion

processes [52, 51, 53] transforms this high energy fault to a low energy

superlattice extrinsic stacking fault (SESF) and, eventually, in the mature

state, to microtwins. This process is studied in detail in the next chapter.

As the faults extend within the γ′ precipitates, the high energy structures

created are restored by the segregation of γ stabilizers (Co and Cr). This

implies long range diffusion and, therefore, a time-dependent shearing of

the γ′ precipitates. The stress applied on the dislocation needs to be in

equilibrium with the back-stress required to create the new fault or phase.

This back-stress is time-dependent and intimately related to the quantity of

Co/Cr that is segregated at the growing fault.
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Figure 3.5 – a) EBSD maps of the tested samples at 800◦C indicating the conditions
for which microtwinning is active: 〈011〉 in tension and 〈001〉 in compression along
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3.4 Influence of the stress and temperature on

the microtwinning activation
In this section, the previous study on MD2 is extended for the case of 〈011〉

orientation under tension to study the influence of temperature and stress on

the microtwinning formation. Guided by the previous reported conditions for

microtwinning in Fig. 2.6, a series of creep tests were performed at temperatures

between 775 and 850◦C with applied tensile stresses of 625, 650, 675 and 700MPa.

The selected testing conditions for mapping the microtwinning mechanism are

summarised in Table 3.4.

Table 3.4 – Creep tests conditions for 〈011〉 single crystal superalloy MD2 under
tension.

Temperature (◦C) Stress (MPa)
775 625 650 − −
800 625 650 675 700
825 625 650 675 700
850 625 650 − −

3.4.1 Identification of temperature/stress regime for mi-

crotwinning

The creep results for temperatures of 775◦C, 800◦C, 825◦C and 850◦C are shown in

Fig. 3.6. The computed strain rates from these curves are presented in Fig. 3.7.

The creep curves presented in Fig. 3.6 present the characteristic primary, secondary

and tertiary creep regimes from this temperature region [77, 78]. The secondary

creep rates used later for the derivation of the activation energy and volume are

extracted from the average slope of the stationary stage in the curves from Fig.

3.6. The primary and tertiary creep stages are defined for the subsequent analysis
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as the regions where the strain rate is more than double the strain rate in the

stationary stage from the curves in Fig. 3.7.
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Figure 3.6 – Creep strain curves for 〈011〉 single crystal MD2 at 775◦C, 800◦C,
825◦C and 850◦C and tensile stresses between 625MPa to 700MPa.

EBSD inverse pole figure maps of the deformed regions after testing are shown in

Fig. 3.8. Microtwinning is proven to be active at 800◦C and 825◦C under stress

conditions between 625 -675MPa and at 625MPa respectively. The microtwins

extend across the entire sample width. The misorientation is again 60◦ between

the deformation bands and the matrix confirming that microtwinning occurred

In all cases, only one twin system is active during creep. The morphology of the

microtwins depends significantly on the testing conditions. This dependency is

intimately related to the microtwinning kinetics: both lengthening and thickening.

Their kinetics are quantitatively studied in the following chapters.

The steady-state creep stage is now analysed, identifying the type of mechanisms
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Figure 3.7 – Creep strain rates curves for 〈011〉 single crystal MD2 at 775◦C, 800◦C,
825◦C and 850◦C and tensile stresses between 625MPa to 700MPa. Strain rates
are computed from curves in Fig. 3.6

taking place. The secondary creep rates are plotted in Fig. 3.9 differentiating

between testing conditions where a microtwinning mechanism is active (red) and

conditions where no microtwinning is observed (black). The activation energies ∆G

(Fig. 3.9a) and the activation volumes V (Fig. 3.9b) for both cases are indicated

as a function of the stress and temperature, respectively. No appreciable change of

the apparent activation energies and activation volumes between twin and non-twin

conditions is observed. The apparent activation energy values (400-480 kJ/mol)

are in agreement with previous studies [79, 80] for the same range of temperatures

but substantially higher than the value of self-diffusion of Ni (Qself ≈ 300 kJ/mol)
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Figure 3.8 – EBSD analysis for 〈011〉 single crystal MD2 specimens after creep
deformation at the conditions presented in Fig. 3.6. The change of orientation
indicates the formation of microtwins.

which suggests that other diffusive processes, different from this, may be taking

place. Similarly, the activation volume values (200-300b3, where b = 1.4×10−10 m)

are in agreement with previous studies [64] at similar temperatures.

3.4.2 Estimation of microtwin thickness and fraction, and

stress/temperature dependence

The twin bands identified by EBSD analysis are composed of bundles of thinner

microtwins which, due to EBSD spot size limitations, appear as a single entity

in Fig. 3.8. To overcome this, high-resolution backscattered imaging is used to

provide more accurate twin thickness and twin fraction (ftwin) measurements, see

Fig. 3.10a. Both twin fraction and thickness are found to increase with stress, see
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Figure 3.9 – a) Activation energy analysis for 〈011〉 MD2 single crystal. Red points
represent microtwinning conditions. The activation energy values are indicated as
the slope of the linear fit; b) activation volume analysis of the same material. The
activation volume values are provided as the slope of the linear fit.

Fig. 3.10b and Fig. 3.11. In contrast, the twins appear in less quantity and are

thinner as the temperature increases.

From these experimental results, the following explanations might be inferred:

(i) there might be a critical stress for twin partial dislocation nucleation that

represents the transition between dislocation climb or fully diffusional creep and the

microtwin-stacking fault regime; (ii) as the stress increases, the nucleated partial

dislocation population is expected to grows as a direct effect (625-675MPa at

800◦C); (iii) when the stress reaches a critical threshold, dislocation APB shearing

might become favourable to the detriment of microtwin formation. This might

explain why microtwins are not observed at higher stresses (700MPa at 800◦C) as

presented in Fig. 3.10b and Fig. 3.11. Further TEM analysis on the dislocation

structures is needed to validate these hypotheses. The evolution of these three

stages is consistent with the schematic deformation map proposed in Fig. 1.3.
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surface along the tensile axis of the specimen for 〈011〉 samples tested at 800◦C.
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Figure 3.11 – Averaged twin thickness and twin fractions within the central 3mm
of MD2 samples after creep deformation at different temperature and stress levels
calculated from results in Fig. 3.10.

3.4.3 Rationalisation of the contribution of the microtwin-

ning mechanism on the overall creep strain

Microtwinning is responsible for the majority of the creep strain at 800◦C. The

microscopic shear strain produced by microtwinning can be defined as:

γtwin = sftwin (3.1)

where ftwin is the averaged twin fraction within the gauge length and s is the shear

produced by a completely twinned crystal [13]. The average twin fraction ftwin

within the central 3mm of each sample is presented in Fig. 3.11. The shear strain

s is defined as s = b/h, where h is the spacing between the {111} shear planes.

For the case of the highest Schmid factor a
6 [211] twin partial (0.47), s =

√
2

2 . The
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macroscopic longitudinal twin creep strain εtwin can be recovered from [81]:

εtwin =
√

1 + γ2
twin cos2 φ+ 2γtwin cosφ cosλ (3.2)

where φ and λ are the angles between the tensile axis and the normal to the twin

plane and twin direction, respectively [81]. For the 〈011〉 case, φ = 35.3◦ and

λ = 54.7◦. This strain from microtwinning shearing is presented in Fig. 3.12.
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Figure 3.12 – Measured total creep strain and calculated twin strain, both before
necking, after creep deformation of 〈011〉 crystals at 800◦C. The indicated twin
strain fraction is respect to the primary+ secondary creep strain.

In order to compare the contribution of the microtwinning shear to the overall

creep strain, the primary+ secondary and the primary+ secondary+ tertiary creep

strains are displayed in Fig. 3.12. The primary and tertiary creep stages are defined

from Fig. 3.7 as the regions where the strain rate is more than double the strain

rate in the stationary stage from the curves in Fig. 3.7. During tertiary creep, the
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cross-section reduction caused by the necking phenomenon leads to a proportional

increase of the stress in the tested sample (constant force test). Because of the

high sensitivity of microtwinning to testing conditions as indicated in Fig. 3.8, it

seems reasonable to assume that the creep regime where microtwinning is active is

constrained to the primary and secondary creep stages of the tests. With this in

mind, microtwinning shearing accounts for the majority (64% to 96%) of the total

plastic strain, especially at higher stresses (675MPa), both within the primary and

the secondary creep stages. From these results, the confinement of the plastic strain

to just one twin system is believed to be accommodated by slip and/or rotations

outside the measured gauge length in order to assure compatibility of the sample

deformation.

3.5 Influence of microtwinning on the fracture

behaviour
One of the most critical requirements for superalloys in turbine engines is the

avoidance of brittle behaviour. Several authors have reported fatigue embrittlement

in superalloys when microtwins appear during thermo-mechanical fatigue tests

[82, 83, 84, 85, 86]. The link between microtwins and crack propagation is still

controversial. In our study, a systematic change of the failure event type between

twinned conditions and non-twinned conditions is observed, which correlates to

the morphology of the fractured surface. A comparative analysis of the tensile

creep fracture surfaces is shown in Fig. 3.13a for the case of twinned and twin-free

conditions along the 〈011〉 orientation. The fracture mode in the twinned specimens

is clearly cleavage-like on the whole fracture surface with small ductile features in

localised regions. This is usually associated with a brittle mode of fracture [87].
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The fracture facets are oriented along the same {111} plane of the predominant

microtwin system. In contrast, the fracture surfaces of the twin-free samples show

multiple facets and dimpled regions, typical of ductile failure in single crystals

[87]. The fracture surface morphology does not change substantially with testing

temperature and stress among the twinned specimens as can be observed in Fig

3.13a. These results support the proposition that crack nucleation and growth in

MD2 at 800◦C is enhanced due to microtwin formation.

To explain the observed link between microtwins and the embrittlement of the

material, the dislocation density distribution around creep twins is studied in

detail, see Fig. 3.13b-d. The spatially resolved geometrically necessary dislocation

(GND) density is calculated from high resolution (HR)-EBSD data and subsequent

evaluation of Nye’s dislocation tensor. The GND density distribution is shown

in Fig. 3.13c. Higher dislocation density regions can be observed at the twin

boundaries and within the twins. This phenomenon is suggested to be caused

by dislocation pile-up events at the twin boundaries that can be explained by

the abrupt change of Schmid factor at the twin matrix interface (0.47→ −0.57)

which locks the dislocation glide. These dislocations pile-ups can eventually cause

stress concentrations which can lead to crack nucleation and propagation along the

twin-parent interfaces, see Fig. 3.13d. This mechanism can cause brittle fracture

when microtwins appear.

From this research, it follows that if the creep life of these materials is to be

improved, consideration must be given to the factors influencing the appearance

and thickening of microtwins. This chapter lays a foundation for further studies

on the influence of the alloy composition on diffusion-assisted fault formation (i.e.

SESFs, SISFs or microtwins).
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Figure 3.13 – a) Scanning electron micrographs and fracture surface topography
analysis are illustrated for the specific cases of non-twinned 〈011〉 sample tested at
850◦C-625MPa (top-left) and twinned 〈011〉 sample at 825◦C-625MPa (top-right).
Images of the fracture sections of twinned and non-twinned 〈011〉 samples for
several conditions showing the change of fracture mechanism (bottom); b) EBSD
map of the twinned region after creep testing along the 〈011〉 direction at 800◦C
and 650MPa (yellow bands represent microtwins); c) HR-EBSD dislocation density
map from the same area; d) micromechanical model of the crack initiation and
propagation at the twin boundaries.
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3.6 Conclusions
Microtwinning in the single crystal superalloy MD2 has been studied. The following

specific conclusions can be drawn:

1. A series of creep tests at 800◦C on the prototype single crystal superalloy

MD2 was performed for different stresses and orientations to characterise the

mechanical response in this microtwinning temperature regime. A strong

anisotropy and tension-compression asymmetry along the 〈001〉 and 〈011〉

orientations have been found. The post-mortem experimental observations

elucidate that microtwinning is active only for 〈001〉-compression and 〈110〉-

tension proving the asymmetry of this mechanism.

2. Additionally, the effect of stress and temperature on the microtwinning

activation was studied for the single crystal orientation 〈011〉 under tension.

Microtwinning occurs for tensile stresses between 625-675MPa and within

the temperature interval of 800-825◦C. The following observations are made:

• For this orientation, twin fraction and twin thickness values have been

measured by high resolution SEM analysis using electron channelling

contrast. Higher stress causes a higher twinned fraction and thicker

twins.

• When microtwins are observed, their fraction and the assumed twinning

shear can be used to estimate the twin strain produced, which was shown

to account for a significant part of the macroscopic creep strain observed

experimentally (64-96% of the primary+ secondary creep strain).

3. The microtwinning mechanism alters the fracture mechanism and thus causes
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a degree of embrittlement. This observation may be of some practical impor-

tance.
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4 Micromechanisms of microtwin-

ning in Ni-based superalloys

4.1 Introduction
Plasticity in Ni-based superalloys is most commonly associated with either athermal

yielding at temperatures between ambient and ∼700◦C, or alternatively time-

dependent creep deformation at conditions beyond ∼850◦C. The former is mediated

by either weakly- or strongly-coupled pairs of dislocations whose motion is controlled

by propagation through the γ′-particles [65, 66, 3], whereas the latter depends

upon the circumvention of them by climb-assisted glide within the γ matrix [64].

At temperatures between these two limits a mode of deformation has been reported

recently [26, 10, 30, 6] involving the propagation of so-called microtwins, by a

mechanism which is not completely understood, somewhat controversial but also

of significant practical importance.

Microtwins are caused by the propagation of a/6 〈112〉 twinning partials on every

consecutive {111} plane [9]. Thus, it was first thought that the diffusion-assisted

reordering needed in the vicinity of the leading partials for twin growth could

rationalise the time-dependent character of the mechanism. These concepts have

been discussed in the literature [33, 10, 6, 88], especially in the work of Kovarik
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et al. [10] where the reordering process needed has been studied in detail using

ab initio atomistic calculations. However, the latest results obtained using high

angle annular dark field imaging [89, 32, 31, 90] have revealed a further intriguing

aspect of this deformation mode, since the planar faults formed in this region

have been found to support segregation of certain important alloying additions.

Thus, local enrichment of Co and Cr – and depletion of Ni and Al – at planar

faults in the CMSX-4 and ME3 alloys has been reported [90]. Furthermore, the

segregation of Ta and W found at superlattice intrinsic stacking faults (SISFs)

in a series of Co-based superalloys has been rationalised by means of the phase

transformation γ′ → Co3Ti [31]. Similarly, segregation of Co, Ta, Nb and Ti at

superlattice extrinsic stacking faults (SESFs) in ME3 – and again depletion of Ni

and Al – have been reported [32]. There, the presence of a solute atmosphere

– rich in Cr and Co and lean in Ni and Al – surrounding the leading Shockley

partials was detected, suggesting that its diffusive movement in a viscous manner

might be associated with the shearing process. A similar phenomenon was observed

in a Ni-rich Co-based superalloy by Freund et al. [52]. Thus the idea that the

microtwinning process exhibits characteristics of a coupled diffusional-displacive

phase transformation has gathered pace in the last few years. But quantitative

chemical analysis at atomic resolution is lacking. Hence, further improved high

resolution chemical analysis is needed, to better understand the effects occurring

and especially to support quantitative theory and modelling of this mechanism.

This chapter is concerned primarily with the chemical segregation at the planar

defects introduced by creep deformation in a prototype Ni-based superalloy at 800 ◦C.

In the alloy considered, the role of microtwinning in promoting creep deformation

at such temperatures was proven in the previous chapter; nonetheless, the factors
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promoting nucleation and propagation of such microtwins need much further

clarification. In the present chapter, experimental proof of chemical segregation

to microtwins formed in the superalloy is first presented. Second, these findings

are extended to other types of faults in superalloys (SISF-SESF-APB). Finally,

the different diffusion processes arising from the interpretation of the experimental

observations are analysed. This leads to introduce the concept of segregation

assisted plasticity.

4.2 Experimental methods

4.2.1 STEM-EDX analysis

Post-mortem SEM examination prior to scanning transmission electron microscopy

(STEM) analysis was carried out in order to identify the deformation regions after

tensile creep of 〈011〉 MD2 single crystal at 650 MPa and 800◦C. The samples were

prepared by grinding and polishing finished with colloidal silica. The examination

plane was carefully selected for subsequent STEM foil extraction, with the extraction

plane normal oriented along the 〈011〉 axis perpendicular to the tensile direction

of the specimen. The preliminary study was performed using a JEOL 6500F

field emission gun scanning electron microscope (FEG-SEM) using an accelerating

voltage of 10 kV and probe current of 300 pA. Backscattered electron images were

acquired in order to reveal the deformed regions within the sample. An overview

of the microtwins that formed is shown in Fig. 4.1a.

STEM foils were extracted from these regions normal to an 〈011〉 orientation using

an FEI Helios Nanolab Dualbeam 600 focussed ion beam (FIB). This assured planar

faults are viewed edge-on using high angle annular dark field (HAADF) zone axis

imaging as indicated in Fig. 4.1b. Samples were thinned at 5 kV and then further
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Figure 4.1 – a) Fracture surface of the 〈011〉 specimen tested at 800◦C and 650MPa
in tension and SEM backscattered electron micrograph detailing the orientation of
STEM foil extraction plane perpendicular to the twin bands; b) detailed diagram
of STEM foil view angle relative to the crystal orientations and STEM micrograph
of the deformed microstructure of the crept specimen.

cleaned using a Fischione Nanomill. Energy dispersive X-ray analysis (EDX) of

the foils was performed on an image-corrected Titan3TM 60-300 kV with a Super-X

detector utilizing the Bruker Esprit software. Integrated line scans were conducted

and quantified through Cliff–Lorimer analysis [91] using experimental Kα energies

for Ni, Co, Al, Cr and Ti. Lα was used for the case of Mo. The Cu specimen

holder signal was avoided by using the Mα lines for Ta and W since the Lα Ta

and W peaks correspond too closely to a Cu peak to be accurately considered.

Deconvolution for the W and Ta Mα peaks, as well as background subtraction,

was used to reduce the influence of Bremsstrahlung X-rays produced from the

inelastic interaction of the beam electrons with the atomic nuclei. For EDS line

scan analysis, to reduce the noise and smooth the data, small amounts of averaging

58



4.2. Experimental methods

were used. Using these setup, the noise can be reduced and no large effects on the

variation of composition along the line scans were observed. Detrimental artifacts

from foil thickness to the EDS spectrum like beam spreading or low EDS counts

were mitigated by controlling the specimens thickness during the thinning process

on the FIB. The FIB foil was thinned to around an estimated 20-50nm where both

foil thickness effects were observed to be avoided. Higher atomic resolution STEM

analysis was performed using a probe-corrected Titan3TM at 60-300 kV.

4.2.2 APT-TKD analysis

In addition to the TEM study, APT analysis of the tested samples was also

performed. Post-mortem examination was carried out after fracture using a Zeiss

Merlin field emission gun scanning electron microscope (FEG-SEM) with a Gemini

II column using an accelerating voltage of 10 kV and probe current of 300 pA.

Backscattered electron images were acquired to identify suitable regions to extract

the APT samples from.

Samples were prepared using a Zeiss NVision 40 focussed ion beam microscope

(FIB) for correlative atom probe tomography (APT)/transmission Kikuchi diffrac-

tion (TKD) analysis. A protective W capping layer was Ga-beam deposited, then

a 25×4µm2 cantilever was machined out and extracted using a Kleindiek microma-

nipulator from site specific twinned regions. The cantilever was cut and mounted

onto a Cameca standard flat-top Si coupon using W welds and sharpened until

the apex of the sample did not exceed 100 nm in diameter. The axis of the needle

was perpendicular to the tensile direction of the sample. A 45◦ pre-angled sample

holder was custom made for the present analysis, which enabled the APT coupon to

be loaded into a Zeiss Merlin SEM equipped with a Bruker EBSD system for TKD
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analysis. TKD was performed at 20 kV with a probe current of 300 pA, following

a square grid with a minimum pixel size of 20 nm. Patterns were acquired from

rectangular sections 2µm in length, 80 nm in width following the length of the

sample. APT was performed on the samples following TKD, using a Cameca Local

Electrode Atom Probe (LEAP) 5000 XR. Samples were run using a UV laser, at

evaporation rate of 0.7% per second, laser energy 100 pJ, frequency 160 kHz, and

temperature −223 ◦ C. Reconstructions were performed using IVAS 3.6.12 software.

4.3 Chemical composition of microtwins
The 〈011〉 MD2 specimen tested in tension at 800◦C and 650 MPa in the previous

chapter was used in this study. The fractured specimen after testing is shown in

Fig. 4.1a. Microtwin bands following the fracture plane can be observed along an

extensive region of the sample. The γ′ precipitates are shown and they are of order

1µm in size. The microtwins appear as diagonal bands of different contrast; they

are arranged in bundles, with thickness varying between 50 nm - 2µm. Shearing of

the γ phase within the microtwin is also clearly visible as the γ′ precipitates are

rotated inside the twinned regions. A higher detail STEM analysis of the deformed

region is presented in Fig. 4.1b. The image shows a high density of continuous faults

preferentially along one slip direction. The existence of these faults is a consistent

proof of the high activity of partial dislocations shearing at these testing conditions

(800◦C-650MPa). This high density of faults contrasts with the relatively cleaner

microstructures reported by Smith et al. [53], presumably explained by the higher

level of strain imposed here to the samples studied. The complex dislocation

structures extend also to the γ-channels where dislocation pile-ups can be observed.

Further HR-STEM confirms the presence of CESFs/SESFs, CISFs/SISFs, APBs
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and microtwins within the planar faults, with the latter being the most repeated

and accounting for most of the plastic deformation. Further STEM and EDX

analysis of the microtwins found is presented next.

4.3.1 STEM-EDX analysis

Two different microtwins within the γ′ precipitates were analysed using combined

STEM and EDX techniques. HAADF-STEM images in the 〈011〉 zone axis of both

microtwins are presented in Fig. 4.2-left. The first microtwin is in an early stage of

growth, with around 15 {111} planes thickness, while the second one is in a mature

state extending over the whole field of view. The concentration profiles across the

microtwins interfaces are shown in Fig. 4.2-right from vertically integrated EDX

line scans. They confirm the segregation of Cr – a well known γ-stabiliser – at the

twin interfaces. For the case of the thin twin, the interfaces were also found to

be slightly enriched with respect of Mo, although the background noise from the

measurements makes this less clear. No conclusive fluctuations for Co were found.

No relevant chemical changes associated with Ta, Nb and W elements along faults

were observed in any of the two twins.

Nevertheless, the cores of both twins recover the nominal concentration of the γ′

precipitate confining the segregation to just the twin interfaces. These observations

confirm a local shift of chemistry from γ′ → γ at the microtwin interfaces. This is

needed to lower the energy of the high-energy faults formed at the twin boundaries,

as a result of the partial shearing in the γ′ whereas the core of the twin recovers the

perfect lattice structure. Further rationalisation of the phenomenon is presented

later. The segregation and diffusion processes detailed here are always referred to

the shearing process within the γ′ precipitates. No segregation was observed at the

γ-channels.
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4.3. Chemical composition of microtwins

4.3.2 Quantification of chemical changes along the microtwins

using APT-TKD

The study on the microtwins was extended using combined APT-TKD techniques

to quantify the chemical changes around the microtwins. The correlative analysis

for a twin containing APT needle is illustrated in Fig. 4.3. The TKD analysis

presented here proves conclusively the presence of two microtwins in the atom probe

needle prior to APT analysis. Fig. 4.3a illustrates the needle SEM micrograph

and its associated TKD inverse pole figure map. Two microtwins are shown in the

inverse pole figure map, and the misorientation profile along them is plotted in

Fig. 4.3b. Both microtwins exhibit a sharp 60◦ step, associated with boundaries

which are indeed the microtwin-parent interfaces. Only misorientations less than

4◦ were recorded within the twin and the matrix domains themselves. Fig. 4.3c

shows the corresponding APT maps from the needle shown in Fig. 4.3a. Two

γ-γ′ phase boundaries are shown, and four interfaces were detected within one

of the γ′ precipitates. The crystallographic information provided by APT is in

[111]

[001]

[101]

200 nm

Misorientation profile
a)

CoCrNi Al WTa

60 nm

Density
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Figure 4.3 – a) SEM secondary electron micrograph showing the atom probe needle
and TKD inverse pole figure map plotted along the z-axis; b) two regions displaying
60◦ misorientation angle corresponding to microtwins are shown to be present in
the needle; c) atom maps created through the reconstruction of the APT data set,
with γ-γ′ phase transitions shown as Ni-Cr, Al-Co and Ta-W partitioning.
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4.3. Chemical composition of microtwins

general rather limited; usually crystallographic features such as twins and stacking

faults are not directly observable. However, their presence in an analysis can be

indirectly detected by the observation of local segregation of solute atoms to these

features. Furthermore, it is also well documented that such features can also be

imaged indirectly in the form of regions of aberrantly high atom density in the

3D reconstruction [92, 93]. These regions arise due to subtle aberrations in the

trajectories of the field evaporated ions in the APT experiment itself, instigated

by these microstructural features. In Fig. 4.3c, analysis of the atomic density

fluctuations through the APT clearly highlights the faults-parent interfaces.

Furthermore, a vertical 〈011〉 pole is present along the axis of the needle, coherently

with the TKD analysis, and corresponding atomic planes can be resolved within

the 2D slice through the APT reconstruction presented in Fig. 4.4a. These

planes appear non-continuous within the I1-I2 interfaces, which is further proof

of a localised change in crystallographic orientation. Through the aforementioned

correlation analysis, the following faulted structure can be inferred in Fig. 4.3c

starting from the apex of the needle: first a microtwin is present between I1-I2,

then the parent material extends until I3, where a stacking fault might be present

and then a second microtwin starts at I4. The segregation at the fault interfaces

within the γ′ precipitate is shown in Fig. 4.4b as 1D chemical concentration profiles

crossing each of the twin boundaries. The Cr content is shown to increase by 2

at.% and Co by 1 at.% at the microtwin-parent interfaces. In contrast, no chemical

segregation was observed at the faults within the γ matrix. The peak values

for MD2 alloy are consistent with the findings of Smith et al. [32] for ME3 and

Viswanthan et al. [90] for CMSX-4.
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4.4. Extension of compositional changes to other types of faults

A second APT needle from the same testing conditions (〈011〉 crystal at 800◦C-

650MPa) containing fault interfaces is presented in Fig. 4.5. The locations of the

interfaces within the needles were identified through apparent localised density

variations visible in the form of three parallel planar features as shown in Fig.

4.5a-left. The three-dimensional atom maps of one of these needles are shown in Fig.

4.5a-right. The one-dimensional concentration profiles along a cylindrical region

containing the three fault interfaces in the needle are detailed in Fig. 4.5b confirming

the previous values for the local enrichment of Cr and Co at the boundaries.

4.4 Extension of compositional changes to other

types of faults
The chemical observations presented before for the microtwins are extended here

to other type of faults in Ni-based superalloys. Combined STEM-EDX analysis on

CISFs/SISFs, CESFs/SESFs and APBs is presented next.

4.4.1 Intrinsic and extrinsic stacking faults

A HAADF-STEM image of a region containing five different planar faults within a

γ′ precipitate is shown in Fig. 4.6. These correspond to two CESFs/SESFs on a

first {111} slip plane and two CESFs/SESFs and a CISF/SISF on a complementary

{111} slip system. The faults can be either complex faults (CESF and CISF) or

regular faults (SESF and SISF) as the present analysis cannot distinguish between

them. The planar faults cut each other presenting interesting interactions and

blocking the growth of some of them. Some of the interaction spots and fault

ending points present a higher intensity in the HAADF-STEM image which might

be related with a higher concentration of heavier elements. This observation is
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Figure 4.5 – a) Higher atomic density planar features from a tested specimen at
800◦C and 650MPa identifying the position of three fault interfaces within the
γ′ phase and atom maps with γ-γ′ phase transitions; b) 1D concentration profile
across the faults interfaces showing segregation of Cr and Co at the interfaces in
the γ′ phase.

consistent with the previous STEM work in ME3 alloy by Smith et al. [32]. The

rationalisation of these higher density regions associated with the fault growth is

discussed in the following section.
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Figure 4.6 – STEM micrograph of a faults structure (CISF/SISF+ CESF/S-
ESF+2xCESF/SESF) and its corresponding elemental EDX maps.

The EDX maps of the faults region are presented in Fig. 4.6. These maps highlight

the segregation of Cr and Co along the planar faults. Enhanced Cr fluctuations at

the faults are observed to a higher degree than Co in these maps. Conversely, Al
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Figure 4.7 – Integrated EDX line scans showing the concentration profiles across
the different stacking faults detailed in Fig. 4.6. The positions of the faults are
indicated by red lines.

and Ni maps show a slight depletion of these elements along the stacking faults.

The compositional changes for each fault were quantified and they are shown as

compositional profiles in Fig. 4.7. They are integrated parallel to the plane of each

fault as indicated in Fig. 4.6. For the case of the CISF/SISF, the results confirm the

segregation of Cr and Mo. Co segregation is much less pronounced. Slight depletion
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4.4. Extension of compositional changes to other types of faults

of Ni and Al from the fault lines is observed. These data confirm the qualitative

results of the elemental maps presented before. For the case of the CESFs/SESFs,

Co is segregated to a slightly higher intensity for fault (2)-CESF/SESF than in the

CISF/SISF. For fault (3)-CESF/SESF the Co segregation is almost negligible. For

both CESF/SESF fault, Cr segregation levels are similar to the CISF/SISF case.

Non-conclusive data were found for Mo segregation in the case of the CESFs/SESFs.

No relevant chemical changes associated with Ta, Nb and W elements along faults

were observed.

4.4.2 Anti phase boundary

Finally, an array of planar faults containing an APB within a γ′ precipitate was

studied. A HAADF-STEM image of the dislocation/fault array is shown in Fig.

4.8a. Several dislocations can be observed coinciding, after atomic resolution fault

analysis, with the higher intensity locations observed in the image. These locations

have been reported before to be associated with clouds of higher atomic number

elements [94].

Analysis of this array of dislocations and SFs indicates that there was an interaction

of the primary (horizontal) {111} slip system with the conjugate {111} slip system.

It is found that a series of a/2〈110〉 dislocations from the conjugate system was

incorporated in the dislocation array of the primary slip plane. This is apparent

since Burgers circuits around the individual dislocations configurations produce

closure failures containing a component pointing out of the primary glide plane,

see Fig. 4.8b. In fact, this is consistent with the presence of a/2〈110〉 dislocations

within the array.

The details of these interactions, and the steps leading to this configuration,
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Perfect Lattice
Superlattice Intrinsic 

Stacking Fault Perfect Lattice

Cr

Cr

Perfect Lattice SISF Perfect Lattice

2nm

Faults Line

a) b)

Faults Line

CISF/SISF APB

5 nm

10 nm 5 nm

5 nm

Co

Al
EDX Line Scans

10 nm

5 nm

D1 D2

c)

Component out of
the primary glide plane

D2

2 nm

1 nm

b

Shift of planes

D1 D2

Figure 4.8 – a) HAADF-STEM micrograph of a faults line containing multiple
dislocations indicated by brighter spots (top). An atomic resolution STEM micro-
graph of the first two dislocations area is presented (bottom) with details of the
atomic faulted structure. b) Burgers circuit around the dislocation D2 showing the
glide component out of the principal slip plane; c) Cr, Co and Al EDX elemental
map showing strong segregation along the fault line behind the second partial
dislocation. This segregation suggests that the fault structure after the SISF/CISF
corresponds to an energy-lowered APB

are difficult to deduce from this post-deformation analysis; however, the most

remarkable feature is between dislocations D1 and D2 in Fig. 4.8a. A higher-

magnification atomic resolution STEM micrograph of the region around D2 is

shown in Fig. 4.8b. To the left of this dislocation there is a stacking fault that

could be either an SISF or CISF. To the right of dislocation D2 there is a region that
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Figure 4.9 – Integrated EDX line scans of the APB and the SISF or CISF in Fig.
4.8.

apparently has perfect crystal stacking (i.e. no structural fault is present). However,

closer inspection demonstrates that the higher intensity planes (corresponding to

the higher atomic number, Ni-rich sublattice in the γ′ structure) are actually offset

by a a/2〈110〉 displacement in the vicinity of the {111} plane that would project

the stacking fault located to the left of D2. Note that the contrast from this

superlattice fringe intensity is not uniform, and is only clearly observed in certain

regions of the image. This lack of uniformity in contrast may be due to several

factors, including the presence of surface contamination in these electropolished

TEM foils, as well as local compositional fluctuations that may lead to a decrease

in superlattice contrast. It is noted that a similar “patchiness” to the superlattice

contrast is found in all regions investigated, as indicated for example in Fig. 4.2a.
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4.5. Segregation-assisted plasticity in superalloys

The salient point is that this region to the right of D2 appears to have the structural

attributes of an APB. Compositionally, it is also distinct from the perfect γ′ regions

as shown in the analysis of this region shown in the EDX maps of Fig. 4.8c.

The elemental maps of the faults for Cr, Co and Al are presented here. The

maps show that segregation of Cr is strongly localised to the APB and almost

undetectable for the case of the CISF or SISF; the same phenomenon is observed

for Co. Additionally, severe depletion of Al is observed for both, the APB and the

CISF or SISF. Integrated concentration profiles of the detailed region were also

computed for quantitative analysis and are presented in Fig. 4.9. The quantitative

results confirm the strong segregation of Co and Cr to the APB. No segregation of

Ta, Nb and W elements were observed in any of the faults.

4.5 Segregation-assisted plasticity in superalloys
In this section, focus is put on the diffusion mechanisms controlling the lengthening

of the faults. Fig. 4.10a shows the growing tip STEM image of a CESF/SESF

fault. The position of the dislocations at the ending tip is indicated approximately

within 13 atomic planes in Fig 4.10b (dislocation space). The poor contrast

around the twin tip nucleus makes it impossible to locate the partial dislocations

precisely. However, the extrinsic nature of the fault is confirmed by the fact that

the fault extends along two layers (ABCBABC). A comparative analysis of the Cr

concentration levels around fault tip is presented in the EDX elemental map of the

same region presented in Fig. 4.10c. The dislocation space lines are also placed

for comparative analysis. The region around dislocation core is surrounded by an

enriched atmosphere of Cr. The wake of the solute atmosphere leaves behind a

segregated trail of Cr solute. This is also extended to a lower extent to the Co

EDX map in Fig. 4.11a.
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4.5. Segregation-assisted plasticity in superalloys

In contrast, both regions, fault tip and fault core show a pronounced depletion of

Al. The chemical compositions of the solute atmosphere and the γ′ precipitate are

presented in Fig. 4.11b obtained by integration of the maps values indicated in

Fig. 4.11a. The chemical shift is further confirmed by the EDX line scan along the

extrinsic fault presented in Fig. 4.11c. These results show that the local elemental

composition shifts from γ′→ γ equilibrium chemistry.

This shift is further confirmed by the extended study presented in Fig. 4.12 for all

the type of faults presented here. In this figure, the ratios of γ′- and γ-stabilisers

with respect to the γ′ phase values for the different faults are shown. These ratios

were calculated as:

γ′-stabilishers fraction = (cAl + cTa + cTi + cNb)fault
(cAl + cTa + cTi + cNb)γ′−phase

(4.1)

γ-stabilishers fraction = (cCo + cCr + cMo)fault
(cCo + cCr + cMo)γ′−phase

(4.2)

The compositional values at the faults have been calculated from the integrated

average between the mid-points of the concentration peaks. These results were

averaged, if possible, from all analysed cases for each kind of fault. For all the

faults, a loss of γ′-stabilisers and conversely, an increase of γ-stabilisers is observed.

Similar results have been reported by Smith et al. [4] for the case of SESFs on

the disk-type alloy ME3. The same phenomenon is generalised in this work for

CISFs/SISFs and APBs.
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4.5. Segregation-assisted plasticity in superalloys
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4.5. Segregation-assisted plasticity in superalloys

The results presented in Fig. 4.10 and in Fig. 4.11 indicate the presence of at least

two diffusion processes taking place simultaneously during dislocation shearing:

• Segregation along the fault: the Cr and Co enrichment of the different

faults with respect to the surrounding γ′ precipitate composition requires

of long-range diffusion from the bulk. For the case of the complex faults

(CESFs-CISFs) and APBs, the diffusion flux is believed to be driven by the

transformation of the high energy faults created by the dislocation shearing

to low energy ones. This is achieved by stabilising locally a γ-like structure

at the fault and thus, reducing the wrong-neighbours penalty. This process

is illustrated schematically in Fig. 4.13 for the different faults observed. For

the case of the lower energy faults (SISF-SESF), the segregation of solute

species is believed to decrease the energy of these faults according to the

published work in the literature [95, 31]. Obviating quantitative deviations of

the different concentration levels, the segregation patterns reported show no

qualitative distinction between faults. This implies that the same segregation

mechanisms are likely to be present regardless of the kind of fault. The

specific distinctions in terms of the concentration peaks might be related

to the different bonding structures and in particular, their associated fault

energies, as illustrated in Fig. 4.13.

• Solute atmosphere around the twin partials: the partials nuclei are surrounded

by a solute cloud of Co and Cr of a few nm in size. The solute cloud presumably

moves coupled with the partial dislocations as they shear the γ′ precipitates.

The enhanced enrichment of the dislocation core with respect to the fault

might be driven by the reduction of the local strain energy associated with

the dislocation. Additionally, this cloud can support, provisionally, the
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4.5. Segregation-assisted plasticity in superalloys

stabilisation of the fault structure during the initial moments after the

dislocation shearing and before the long-range diffusion segregation to the

fault occurs.
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Figure 4.12 – Ratios of γ′- and γ-stabilisers for the different faults reported in this
chapter. The ratios were calculated with respect to the γ′ phase values. For all the
faults, a loss of γ′-stabilisers and conversely, an increase of γ-stabilisers is observed.
This fact is specially intense for the case of the APB.

Additionally, a third diffusion mechanism might be operative simultaneously for

the case of SESFs and microtwins. This mechanism implies the short-range atomic

reshuffling of the Ni and Al lattice sites at the fault line leading to the perfect

SESF-twin structure [9, 10]. This third mechanism might be coupled with a lateral

diffusion of the twin boundary segregation perpendicular to the boundary plane as

the twin thickens. Further experimentation is needed to confirm this point.
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4.5. Segregation-assisted plasticity in superalloys
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Figure 4.13 – Atomic structures of the different faults observed (APB, CISF and
CESF-Microtwin). Red lines represent high energy wrong neighbour bondings in
the unsegregated faults (top) which might be suppressed or at least lowered their
energy by the segregation of Ni-like atoms such as Cr and Co (bottom).

Two different diffusion scales can be identified among the different diffusion mech-

anisms. For the latter case of the atomic reshuffling and the solute-atmosphere

motion, the diffusion scale relative to the dislocation motion can be considered

as short-range atomic movement. Nonetheless, the extended segregation events

observed require long-range diffusion which, at the same time, implies much slower

time scales. It is well known that when several mechanisms are coupled simulta-

neously, the slowest one is limiting [22]. Therefore, in the light of this, it seems

reasonable to assume that as a first approximation, the lengthening of the different

faults under these conditions (800◦C and 650MPa) is governed by the segregation

of γ-stabilisers to the fault. This is further supported by the work of Smith et al.

[96] where a comparative study of the lengthening rates for the different diffusion

processes taking place is presented. The mechanistics of the plastic deformation

observed here can be potentially extended to a range of medium-high temperatures.

These ideas are further developed and incorporated into a mathematical model to
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4.6. Conclusions

estimate the diffusion kinetics of the different faults in the following chapter.

4.6 Conclusions
The chemical changes associated with the microtwin formation and propagation

have been studied on the single crystal superalloy MD2. The following conclusions

can be extracted from the experimental results presented here:

1. HR-STEM at atomic resolution has been used to characterise the creep

deformation mechanisms occurring in this material; these involve microtwins

– in mature and embryo stages (SESFs/CESFs)– and other type of planar

faults such as SISFs/CISFs or APBs.

2. All types of planar faults examined were enriched with γ-stabilisers – Cr, Co

and Mo (to some extent) – with respect to the nominal γ′ phase composition

of this alloy. Concomitantly, a depletion of γ′-stabilisers at the faults has

been observed. This produces a shift of the chemical structure from the γ′

phase composition to the γ phase one. This shift is especially intense for the

case of APBs.

3. When the planar faults evolved to mature microtwins, the segregation was

confined to the twin/matrix boundaries, so that the nominal γ′ phase compo-

sition inside the fault is recovered. This implies a contribution of diffusion

within the twin to its growth.

4. The study has been extended to quantitative compositional analysis of the

microtwins using correlative APT and TKD analysis. The Cr content was

shown to increase by ≈2 at.% and Co by ≈1 at.% at the microtwin-parent

interfaces. No chemical segregation was confirmed within the γ matrix.
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4.6. Conclusions

These findings provide critical and important data to support the quantitative

modelling of the microtwinning mechanism, and the dependence of its kinetics

upon alloy composition.

5. The diffusion processes active during the planar fault shearing have been

studied in detail. Two different diffusion scales have been identified: the

long-range diffusion associated with the fault segregation process and the

short-range scale of the solute cloud surrounding the dislocation core and

also of the atomic-reordering.

81



5 Microscopic modelling of the

microtwinning kinetics

5.1 Introduction
There is a clear similarity of the microtwinning mechanism observed in superalloys

to classical deformation twinning [13], since there is a well-defined crystallography

involving a twin plane and shear. On the other hand, some characteristics of

a diffusional phase transition have been identified in the previous chapter. For

instance, there is a need for diffusion in the vicinity of the twin/matrix interface and

an enrichment with regard to solute atoms [97, 52, 10, 4]. Thus in some ways one

should consider microtwins to form by a coupled diffusional/displacive mechanism

of the type proposed for other alloy systems [98, 99, 100, 101, 102, 45].

In the previous chapters, multiple qualitative aspects of microtwinning have been

identified, but many questions concerning the microtwinning mechanism remain

unanswered. For instance, the rate-controlling processes needed for twin lengthening

are still controversial. It is also not clear how these can be described mathematically

and how they are related to the phenomena needed for twin thickening. The

processes controlling the nucleation of the microtwins are still not fully understood.

Neither is proven that the deformation on the microscale due to the microtwins
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5.2. Kinetics of microtwin formation

explain the macroscopically observed time-dependent response.

To this end, the present chapter proposes a mathematical model to describe the

phase-transformation problem of microtwinning motivated by the experimental

observations presented previously. The chapter is organised as follows. First,

the underlying mechanisms – diffusion and shearing – are coupled in a phase

transformation model using a physically faithful approach. The procedure includes

the following steps: (i) the twin lengthening kinetics are modelled and the velocity

of the microtwin dislocations are estimated; (ii) a homogenisation framework

is developed to obtain the macroscopic strain rate from the calculated velocity.

Then, the predictions are compared with the experimentally observed macroscopic

behaviour. Second, a microtwin nucleation theory is proposed. This leads to a

nucleation map dependent on the crystal orientation and the stress state where the

influence of the fault energy is studied. Finally, the implications and ramifications

of this work are discussed.

5.2 Kinetics of microtwin formation
The elemental segregation presented in the previous chapter indicates that a coupled

displacive-diffusive transformation is operative during microtwinning. Following by

these experimental observations, the following transformation model is proposed

for the microtwin formation under 〈011〉 tension, see Fig. 5.1. First, a pair of

complete a/2 [101] (111) dislocations on adjacent planes is constrained to the γ/γ′

interface as the applied creep stress is insufficient to overcome the high energy APB

energy created, see Fig. 5.1a. Second, these dislocations decorrelate into partial

dislocations, see Fig. 5.1b, with differing Schmid factors:
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5.2. Kinetics of microtwin formation
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Cr/Co Partitioned Fault 
(lower energy)

direction of 
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Cr/Co 
 

 

Figure 5.1 – Schematic illustration of the microtwinning mechanism: a) two perfect
a/2 [101] dislocations get trapped at the γ/γ′ phase boundary; b) partials a/6 [211]
of higher Schmid factor (red) enter the precipitate creating a high energy CSF thus
preventing their propagation; (c) Co and Cr enrichment at the fault transforms the
CSF to a lower energy pseudo extrinsic stacking fault which represents a microtwin
embryo; d) the leading partials can now continue shearing the precipitate leaving
behind them traces of Co and Cr. Atomic reordering can still take place behind
the partial dislocations; e) the partials shear on every consecutives planes thus
thickening the microtwin; f) the mature microtwin contains segregation of Co and
Cr at the microtwin-parent interfaces.
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5.2. Kinetics of microtwin formation


a
2 [110]→ a

6 [121] + a
6 [211]

a
2 [101]→ a

6 [112] + a
6 [211]

(5.1)

The partials a/6 [211] of higher Schmid factor enter the precipitate creating a

high energy two layer complex stacking fault (CSF) behind it, thus preventing

its extensive propagation into the γ′. This fault is similar to the ones described

first by Kolbe [9] and later confirmed by Smith et al. [32]. Third, Co and Cr

are partitioned to the leading partial, see Fig. 5.1c, thus transforming the CSF

to a lower energy superlattice pseudo extrinsic stacking fault in a γ stabilised

atmosphere which represents a microtwin embryo. At the same time the short

range reordering after the fault leads to the twinned embryonic structure while the

leading partials can now continue shearing the precipitate leaving behind them

a trace of Co and Cr remnant from the shearing process, see Fig. 5.1d. This

combined process will leave enough time for the necessary atomic reshuffling to

occur in order to annihilate the wrong neighbours structure, thus enabling the

lengthening of the twin. The segregation process involves long range diffusion and

a continuous flux of Co and Cr to the advancing partials. The microtwin embryo

thickens by a ledge mechanism, see Fig. 5.1e, in a similar way as the one proposed

recently by Smith et al. [4]. The partials shearing on every consecutive planes

benefit from the remnant Cr and Co enriched regions. Notably, it is expected that

subsequent leading partials confer faster shear rates than might be expected by

long range diffusion alone [90]. Plausibly, the mature microtwin arising from this

mechanism possesses segregation of Co and Cr at the microtwin-parent interfaces

only or within close vicinity of them, see Fig. 5.1f; there exists the possibility of

slight enrichment of these elements inside the twin arising from the shearing partial
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5.2. Kinetics of microtwin formation

residue.

This process differs from the theory first introduced by Kolbe [9], for which no long

range diffusion was assumed necessary. This long range diffusion process presented

here is also supported by the work of Viswanathan et al. [90] which suggests that

the movement of partials during planar fault growth is controlled instead by the

diffusion rate of segregating elements. Furthermore, Smith et al. [32] proposed

that the segregation has a localised stabilising effect, accomplished through the

formation of a region of γ phase at the planar fault within the γ′ precipitates. The

localised microtwinning partitioning of Cr and Co presented in the previous chapter

(known γ phase stabilising elements) supports this hypothesis. Therefore, in the

light of the results from the previous chapter, it seems reasonable to assume that as

a first approximation, the lengthening of the different faults under these conditions

is governed by the segregation of γ-stabilisers to the fault. This is further supported

by the work of Smith et al. [96] where a comparative study of the lengthening

rates for the different diffusion processes taking place is presented, showing that

the segregation of Co and Cr to the faults is the time limiting process. In order to

model the twin growth kinetics, one may assume that the two diffusion processes

are simultaneously controlling the shearing of the partials: (i) the partitioning of

Co and Cr into the body of the fault, and (ii) the short range reordering events

behind the leading partials.

5.2.1 A model for microtwin formation

A mathematical procedure derived from the work of Atkinson [103] is used here to

model diffusion assisted twinning. It is assumed that growth is produced by the

lateral movement of ledges.
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5.2. Kinetics of microtwin formation

The elements Cr and Co are assumed to control twin lengthening and thickening.

The important aspect is to consider carefully the length scale associated with this.

There are at least three possible scenarios of importance, see Fig. 5.2:

• Scenario 1: initially, the fault starts as a single thin plate of height ht (equal

to two atomic planes) growing within the matrix. Its lengthening is supported

by long range diffusion of Co/Cr from the surrounding matrix. This scenario

represents the twin embryo or SESF.

• Scenario 2: second, we consider the situation a little way back from the

leading tip, just a few ledges away; here it can be anticipated that the twin

is still remarkably thin such that there is a need to support significant long

range bulk diffusion of Co/Cr from the surrounding matrix; this is because

there is no substantial volume of twin to support a diffusional flux from it.

• Scenario 3: a third scenario relates to the situation far behind the leading

tip when the twin is now much thicker; here, following the experimental

observations, the bulk of the twin is no longer enriched with Cr/Co consistent

with the need only for diffusion controlled migration of the ledges. Therefore,

the ledge migrates but with a diffusion field which is now – to a first approxi-

mation – symmetrical across the twin/matrix interface. The above and, in

particular, the velocity calculated is also potentially modified by the fact that

the ledge can grow along a terrace ahead of it which is enriched with respect

to Cr/Co, compared to the mean composition of those elements in the alloy.

We now proceed to analyse in detail the above scenarios with a particular emphasis

on determining the ledge velocity for each case:
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Figure 5.2 – Microtwin growing in the γ′ phase by a ledge type mechanism (top).
Three different diffusion scenarios can be identified along the twin: 1) growth of
the twin tip in a virgin material with Co and Cr support exclusively from the
surrounding material; 2) at the initial stage of growth, when the micotwin is still a
few atomic planes thick and therefore the available Co an Cr to segregate is small,
the additional Co an Cr for thickening might need to still be supported by bulk
diffusion from the matrix; 3) once the twin thickens, the diffusion support of Co
and Cr is not constrained anymore to the the matrix but also to the twin body.
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5.2. Kinetics of microtwin formation

Scenario 1

Initially, the twin tip advances supported by bulk diffusion, broadly similar to a

plate growth like problem, see Fig. 5.2-scenario 1. For this case, the mathematical

procedure developed by Atkinson [103] can be adapted assuming a no flux condition

on the plane of symmetry ( ∂c
∂y

= 0). Then, the problem is reduced to solving the

concentration field in the upper half of the symmetry plane with a characteristic

length of lchar = ht/2, where ht is the twin ledge height . At the leading edge, the

Stefan condition must be satisfied to accomplish mass conservation [103]:

vtr = Deff
∂c

∂X

∣∣∣∣∣∣
step

(ctr − cpa-int)−1 (5.2)

where vtr is the twin step transformation velocity, X is the absolute coordinate

along the twin length, Deff = DCo cCo+DCr cCr
cCo+cCr

is the effective diffusivity of Co and Cr

in the γ′ parent phase and ctr and cpa-int are the effective Co+Cr concentrations

(c = cCr + cCo) in the twin phase and in the parent phase at the twin step,

respectively, see Fig. 5.3a. At this stage, the required support of solute for growth

is exclusively bulk diffusion, so it seems reasonable to consider diffusion solely

in the parent phase around the twin, governed by Fick’s laws [104], whereas for

simplicity, negligible diffusion occurs in the twin at this stage [103].
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Figure 5.3 – a) Experimental evidence of microtwin bands and detailed diagram of
the twin lengthening mathematical problem; b) geometrical diagram of the twin
glide plane and the representative volume used in the homogenisation calculations.

89



5.2. Kinetics of microtwin formation

The diffusion problem is formulated in a moving non-dimensional coordinate system,

x = 2 (X − vtr)/ht and y = 2Y/ht (relative to stationary coordinates X − Y ).

Introducing the Péclet number p = vtrht
4D , one has:



∇2Γ{x, y}+ 2p∂Γ
∂x

= 0

∂Γ
∂y

= 0 on y = 1, x < 0

∂Γ
∂y

= 0 on y = 0, x > 0

∂Γ
∂x

= −α−1{p} on x = 0, 0 ≤ y < 1

(5.3)

where α{p} = −
(
∂Γ
∂x

∣∣∣
step

)−1
is an unknown to be determined (assumed constant

here) and the dimensionless concentration is defined by

Γ{x, y} = c{x, y} − cpa-∞
ce − cpa-∞

(5.4)

In addition to the diffusion problem around the step interface, there is also a short

range atomic reordering at the interface which is necessary for the twin tip to

advance, which limits the interface mobility. The mobility of the interface µo is

approximated using the thermally activated dislocation theory [105, 106] in which

the probability of a dislocation advancing along the glide direction is associated with

the free energy change of the event ∆G, in this case with the atomic reshuffling.

This energy change ∆G = ∆G0 − τV includes the work done by the external

shear stress τ against the zero-stress energy barrier of the reshuffling processes

∆G0, where V is the activation volume of the deformation mechanism defined as

V = −
(
∂∆G
∂τ

)
T
. The energy barrier ∆G0 associated with these reordering events

has been studied in detail by Kovarik et al. [10] and is used here. Hence, the
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5.2. Kinetics of microtwin formation

interface mobility can then be approximated as:

µo = b ν exp{−(∆G0 − τ V )/kT} (5.5)

where ν is the Debye frequency vibration of a reshuffled Ni atom [10], k is the

Boltzmann constant, T is the absolute temperature and b is the Burgers vector

norm of the twinning dislocation (and the distance progressed by the reaction in

every successful attempt).

The effect of the interface reactions (short range reordering) on the twin kinetics is

included by considering deviation from the equilibrium at the interface (cpa-int 6= ce)

[103]. For this case, the extra-boundary condition needed is imposed by accounting

for the interface mobility µ0, which is controlled by short range atomic reshuffling:

vtr = µ0(cpa-int − ce) (5.6)

In case of large µ0 the problem is diffusion controlled (µ0 →∞ implies cpa-int → ce),

whereas for small µ0 the problem is interface controlled.

The approximated solution using Fourier transforms and perturbation theory

proposed by Atkinson [103] leads to a set of two non-linear equations:


α{p} = π−1[1− C + ln(2π/p)]

Ω0 = 2pα{p}+ (p/q)[1− 2pα{p}]
(5.7)

where C = 0.5772... is the Euler constant and q = µ0(ctr−ce)(4D/ht)−1 is defined as

a non-dimensional interface mobility. In this system, α{p} and p are the unknowns

to be determined and Ω0 is defined as the dimensionless normalised supersaturation
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5.2. Kinetics of microtwin formation

concentration Ω0 = (c∞ − ce)/(ctr − ce). Once this system is solved, the velocity of

the twin ledge vtr can be recovered from the definition of the Péclet number p. The

concentration field far from the twin tip can be approximated by the zero order

Bessel function K0 following [103]

c{x, y} = α

p
K0{pr}exp{−px} (5.8)

where r =
√
x2 + y2.

This process allows for the estimation of vtr as a function of the geometry ht,

assuming Deff and the concentration values.

Scenario 2

In this case, it is assumed that the microtwin is growing on a preformed twin. For

the avoidance of doubt, the assumption made is that the main diffusion flux is still

limited to the surrounding matrix based on the argument that the reservoir of Co/Cr

of the embryonic twin is still not enough to support the necessary partitioning of

these elements to the new ledge. As is apparent, this problem shares the same

mathematical structure as the one detailed in scenario 1 with the only difference

being that the characteristic length in this case is lchar = ht, as indicated if Fig.

5.2-scenario 2. Therefore the velocity resulting from the analysis is half the one

considered in the previous case. The non-dimensional quantities and Péclet number

remain the same as in scenario 1.

Scenario 3

Now, the growing front is advancing in a region where the concentration differs

from the nominal concentration of the matrix due to the already enriched terrace

ahead of it, see Fig. 5.2-scenario 3. Once the twin thickens, the partitioned
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5.2. Kinetics of microtwin formation

Table 5.1 – Velocities and characteristic lengths for the three different scenarios
formulated.

Scenario 1 Scenario 2 Scenario 3

(Twin Tip) (Thin Twin) (Mature Twin)

Velocity ≈ 2Deff
ht

≈ Deff
ht

≈ 2Deff
ht

Characteristic length ht
2 ht

ht
2

region is now confined to the twin interfaces, leaving a region inside the twin with

the same nominal concentration as the matrix. This problem resembles the one

proposed in scenario 1, with a different concentration assumed ahead of the growing

ledge (cpa-∞). But if it is assumed that the homogenised concentration ahead of

the growing ledge (matrix + twin) is still close enough to the nominal matrix

concentration (volumesegregated << volumenon segregated) the Péclet number for this

scenario would be close to the one calculated for scenario 1. Therefore the velocity

arising should be in the same order of magnitude (vcase3 ≈ vcase1 ≈ 2Deff
ht

).

The characteristic lengths and approximate velocities of the three different scenarios

are summarised in Table 5.1. The analysis presented here shows that, regardless

of the growing stage of the twin (scenarios 1, 2 or 3), the growth velocity of the

dislocation front is approximately of order vt ≈ Deff
ht

. Therefore, it seems reasonable

to assume this estimation as a first approximation of the twin ledge velocity in

Section 5.2.2.

The physical parameters (cpa-∞, ce, ctr, Deff, ht, ∆G0 and V ) involved in the problem

need to be estimated based on experimental measurements and thermodynamic

estimates. The Co and Cr concentrations in the γ′ at infinity (cpa-∞) were extracted

using the averaged APT concentrations in the γ′ far field from the twin. The
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5.2. Kinetics of microtwin formation

compositions at the twin ledge interface (ctr) were calculated by averaging the

integrated concentration between mid-points of the concentration peaks of the APT

analysis in Chapter 4. The concentration peaks from all the interfaces analysed here

were considered. The γ′ equilibrium composition (ce) and the chemical diffusivities

of Co and Cr (DCo and DCr) were obtained using Thermo-Calc software (database

TTNI8) and DICTRA (database MOBNI3) for equilibrium phase calculations and

kinetics, respectively [107, 108]. The activation volume V was derived from the

data in Fig. 3.9b, taking into account the tests where microtwinning was active at

800◦C. The activation energy for the short range reordering (∆G0) was determined

as the addition of migration and vacancy formation energies following the work
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Figure 5.4 – Calculated Co+Cr concentration field for a leading twin tip growing at
800◦C (top) and detailed view with concentration stream lines of the concentration
field indicating the shape of the diffusion field (bottom).
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5.2. Kinetics of microtwin formation

Table 5.2 – Parameters used for calculating the twin dislocation velocities in MD2
Ni-based superalloy.

DCo (m2/s) DCr (m2/s) Deffe (m2/s) cpa-∞(%) ctr(%) ce(%)
2.35×10−18 1.77×10−18 2.10×10−18 5.62 6.35 4.99
ν (rad/s) aγ′ (m) b (m) V (b3) ∆G0 (eV) ht(m)
9.66×1013 3.5× 10−10 1.4× 10−10 266.8 2.27 (7/3)

√
3×10−10

of Kovarik et al. [10]. Finally, the height of the twin step was set to twice the

{111} spacing for γ′ (ht = 2aγ′/
√

3, where the lattice parameter aγ′ for MD2 was

obtained from the measurements of Pyczak et al. [109] on the similar superalloy

CMSX-4 using X-ray diffraction). The parameters used in the calculations of the

diffusion field and dislocation velocities are given in Table 5.2.
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Figure 5.5 – Twin ledge growth velocity vtr against the non-dimensional concentra-
tion Ω0 = (cpa-∞ − ce)/(ctr − ce) for different non-dimensional interfaces mobilities
q = µ0(ctr − ce)(2Deff/ht)−1. The specific velocity curve for the case of microtwins
growing at 650MPa and 800◦C is indicated in red. The specific value of Ω0 obtained
experimentally from APT measurements is indicated as a vertical blue line. Finally,
the computed velocity for this specific case of the microtwins growing in MD2 at
650MPa and 800◦C is indicated as a horizontal green line.

95



5.2. Kinetics of microtwin formation

The computed concentration field around a twin tip for the case of 800◦C and

650MPa is illustrated in Fig. 5.4. The iso-concentration surfaces around the twin

tip are ellipsoidal in form. From these results, one deduces that the diffusion

phenomena are not only constrained to a few atomic spacings but involve long

range mass transport. From this concentration field, the twin ledge velocity is

plotted in Fig. 5.5 as a function of the non-dimensional concentration and the

non-dimensional interface mobility q. The specific case of 650MPa and 800◦C

(q = 2×105) is highlighted as a red line. The green line indicates the experimental

value of adimensionalised concentration (Ω0 = 0.46) found for MD2. As a first

approximation, the growth rate of the microtwin embryo is of order of magnitude

vtr ∼ Deff/ht as observed from the green line indicating the computed velocity

for the specific case of 650MPa and 800◦C. It is noticeable that this problem is

analogous to the diffusion assisted shearing of other faults [31, 32] and therefore

the study could be extended in principle to APBS, SISFs or SESFs.

5.2.2 Homogenisation of the microtwin kinetics

To compare the lengthening rates computed with the experimental results, a ho-

mogenisation approach is taken. The shearing rate γ̇ produced by the microtwinning

mechanism is extracted from the growth rate of the twinned phase:

γ̇ = ḟV-twin s (5.9)

where ḟV-twin is the rate of change with time of the twinned volumetric fraction

and s is the twin shear. By assuming the previously introduced ledge growth
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5.2. Kinetics of microtwin formation

mechanism, the rate of change of volume fraction can be approximated as

ḟV-twin = nht l

H LW
vtr (5.10)

where n is the number of twins ledges in the reference volume, ht and l are

the growing front dimensions of each twin ledge, vtr is the mean twin ledge

transformation velocity and H,L,W are the height, length and width of the

reference volume as indicated in Fig. 5.3b, respectively. In this expression, ftwin =

nht cosφ/H is the average twin fraction calculated from the tested specimens

where ht cosφ is the projection of the twin height on the tensile axis. In this

approach we assume that the twins are growing homogeneously during the test

until the final twinned structure is formed. The mean twin ledge velocity vtr

corresponds to the averaged velocity across γ and γ′, assuming instantaneous glide

across the γ phase (vtr = vtr/fγ′ , where fγ′ is the γ′ volume fraction). Taking this

into account the overall creep rate can be rewritten as

γ̇ = ftwin(L+W )
2LW fγ′ cosφvtr s (5.11)

where the twin front width l is approximated by the averaged section chord

l = (L + W )/2. Finally, for the case of single crystal and assuming a single

activated twin system, the Schmid angles (φ, λ) are used to relate the microscopic

twinning shear strain rate γ̇twin to the tensile macroscopic strain rate ε̇ following

[81]:

ε̇ = d
dt

√
1 + γ2

twin cos2 φ+ 2γtwin cosφ cosλ (5.12)

All the quantities involved here are known from the experiments (ftwin,W, L, fγ′),
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5.2. Kinetics of microtwin formation

are geometrical relations (φ, λ, s) or calculated from the diffusion problem (vtr). The

twin fractions (ftwin) were obtained from image analysis on the micrographs cited

in the previous subsection and presented in Fig. 3.11. The width and thickness of

the sample, W and L, were set to 1.6mm and 1mm, respectively. The set of new

parameters used in this homogenisation framework is given in Table 5.3.

Table 5.3 – Parameters used for calculating the homogenised microtwin strain rates
in MD2.

W (m) L(m) φ λ fγ′(%)

1.6×10−3 1×10−3 35.3◦ 54.7◦ 63

The calculated strain rates at 800◦C produced by microtwin shearing for the three

stress levels where this mechanism is active are indicated in Fig. 5.6. The strain

rates calculated are found to be a good approximation of the experimental ones

without any free parameter calibration. Moreover, the model captures reasonably

well the observed strain rate dependence on the stress through the increase of the

twin nucleation density (introduced by ftwin) and the assistance of the external

stress on the interface reactions (∆G = ∆G0−τV ). The predicted values are always

below the real strain rates. It is important to note that this is an approximate

model constructed on the basis of the experimental information available, trying to

avoid calibration or fitting. Therefore, several physical factors need to be considered

that might influence the results:

• The twin volume growth rate may be larger in reality than the proposed

approximation. This is due to several twin ledges advancing on the same

shear plane, while in the model proposed here a single twin ledge was assumed

per atomic plane.
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Figure 5.6 – Calculated and experimentally measured steady creep strain rates
(with standard deviation) for MD2 single crystal superalloy at 800◦C and several
stresses.

• In the diffusion problem presented in the previous section, the twin ledge

was assumed to grow in an infinite γ′ with a fixed concentration. This is not

the real case as the γ′ precipitates have an approximate size of ≈ 1µm. As

a consequence, when the twin tip gets closer to the γ-γ′ interface, the twin

ledge can benefit from additional diffusion from the Cr- and Co-enriched γ.

This is expected to increase the twin ledge velocity.

• Additionally, the effect of enhanced diffusion along the dislocation cores was

not included in this model. This is expected to increase solute support rates

and therefore the dislocation shearing rates.

• The shear rates calculated here are just the contribution of the microtwinning
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5.3. Nucleation of microtwins

mechanism to the overall deformation – other mechanisms may be operative

thus increasing the overall creep rates.

5.3 Nucleation of microtwins
In this section, consideration is given to the factors determining microtwinning

nucleation. In this regard, microtwin nucleation in Ni-based superalloys shares some

similarities with twin formation in nanograined materials [110, 111, 112, 113, 114].

The γ/γ′ interfaces in the superalloy work as partial dislocation sources analogous

to grain boundaries in nanograined metals.

A microtwin embryo can form within the γ′ phase by the glide of leading partial

dislocations with identical Burgers vectors on consecutive upper or lower {111}

planes. In competition, APB slip of γ′ precipitates can occur when the leading

partial dislocation is followed by a trailing partial dislocation on the same plane

forming jointly a full type dislocation as indicated in Fig. 5.7a. Following the

approach of McCabe et al. [112], the total force Fpartial per unit length of dislocation

l exerted on either the trailing partial or twin partial follows

Fpartial

l
= −Frep + Ffault + Fτ

l
(5.13)

where Frep is the elastic repulsion due to the leading partial dislocation, Ffault is the

contribution resulting from the change in fault energy due to the trailing partial and

Fτ is the external force exerted by the shear stress. Here, we have assumed that the

complex extrinsic stacking fault associated with the microtwin formation (CESF-2)

can be treated as two consecutives complex intrinsic faults (CISFs) over two adjacent

{111} planes [76]. Therefore, the term Ffault/l = γCISF − γCESF-2 ≈ −γCISF for the
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5.3. Nucleation of microtwins

case of the microtwin and Ffault/l = γCISF − γAPB for the case of APB shearing as

indicated in Fig. 5.7b. The external force is equal to Fτ/l = b σ SF where σ is the

uniaxial applied stress stress and SF is the Schmid factor of the dislocation. The

elastic repulsion component has been proven to be the same for both configuration

of partials [112].
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Figure 5.7 – a) Schematic diagram of the twin nucleation process for Ni-based
superalloys. A leading partial dislocation is generated from the γ/γ′ interface
forming a faulted structure along the twin plane. At high temperatures, this fault
structure is evolving as Cr and Co partition around the leading partial (CSF→ SF);
b) two cases can occur: a new twin partial enters the precipitate on a consecutive
gliding plane leading to a twin embryo, or the already dissociated trailing slip
partial on the same plane enters the precipitate leading to an APB. Whether the
driving force for twinning or slip is preferred depends on the time available for
transforming to a low energy SF determined by the dislocation velocity. Adapted
from McCabe et al. [112].
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Microtwinning becomes favourable when the driving force for nucleation of a

twinning partial is greater than the driving force for gliding of a trailing partial

(Ftwin−Ftrailing > 0). This criterion leads to the following critical stress for microtwin

nucleation

σcri >
2 γCISF − γAPB

b (SFtwin − SFtrailing)
(5.14)

At the same time, the stress on the twin partial dislocation must be higher than

the energy threshold for twin partial formation which can be approximated by:

σtw > γCISF/(b SFtwin). The critical stress for microtwin nucleation satisfying both

conditions is shown in Fig. 5.8 as a function of the crystal orientation. The tensile or

compressive character of the required load is specified in Fig. 5.8a and the different

stress levels are indicated in Fig. 5.8b for three different cases: first a completely

unsegregated fault (CESF-2), second a partially partitioned/reordered fault with

50% of the original fault energy and finally the totally partitioned/reordered case

where the fault might be identified with a perfect SESF. Fault energies used are

γAPB = 147mJ/m2, γCISF = 177mJ/m2 and γSESF = 74mJ/m2 [76]. The energy

reduction promoted by the segregation and the atomic reordering of the fault leads

to twin nucleation with stresses below 700MPa, comparable with the experimental

observations. Further ab initio calculations of the influence of the partitioning

phenomenon on the microtwin nucleation are required to obtain better estimates,

but the tendency is clear: 〈011〉 and 〈001〉 crystal directions are the most prone

orientations for creep twin formation followed by 〈111〉. This clearly coincides with

the observations made in the literature which indicate that the 〈011〉 and 〈001〉

orientations are the most repeated for microtwinning [10, 97, 4, 32].

A new variable is hereby added to the complexity of the microtwin formation: a

time dependent nucleation mechanism. At this point, some of the main aspects of
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Figure 5.8 – Microtwin nucleation maps for a generalised Ni-based superalloy:
a) tensile/compressive character of the critical twin stress; b) critical stress for
microtwin nucleation for three cases of study: a completely unsegregated fault (top),
a partially partitioned/reordered fault with 50% of the original fault energy (middle)
and a totally partitioned/reordered SESF fault (bottom), middle. Fault energies
assumed are γAPB = 147mJ/m2, γCISF = 177mJ/m2 and γSESF = 74mJ/m2 [76].
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the formation of microtwins have been studied; however, the implications of this

segregation assisted mode of plasticity on the mechanical behaviour of the alloy

are still unclear. This is the focus of the next section.

5.4 Discussion
The segregation assisted dislocation shearing presented here might be crucial for

understanding one of the still daunting aspects of the superalloys: the sudden drop

of yield-strength properties at high temperatures (T ≈> 800 ◦C). This concept

is illustrated in Fig. 5.9 where the diffusivities of Cr and Co computed from

Thermo-Calc [107] are shown against the yield stress along the 〈001〉 orientation of

the commercial superalloy CMSX-4. This superalloy has a similar composition and

mechanical behaviour to MD2. During plastic deformation at low temperatures

(T < 700 ◦C), the diffusion processes are still limited and the dislocations need to

enter into the γ′ precipitates without the assistance of segregation. This creates

“full-energy” faults within the γ′ precipitates which strengthen considerably the

alloy. This regime is where the wide variety of standard athermal plasticity theories

for superalloys are applicable [65, 66]. As the temperature increases, the diffusion

processes gradually start to become more and more important during plastic

deformation. The dislocation shearing within the γ′ precipitates is now assisted

by local changes in the chemistry and reordering processes, thus the classical

strengthening mechanism for Ni-based superalloys (the high-energy faults shearing)

vanishes. This provokes a reduction of the stress required to shear the γ′ precipitates

and, as a consequence, a sudden drop of the plastic-strength of the alloy can be

observed in Fig. 5.9. At really high temperatures (T > 900 ◦C), the dislocation

climbing of γ′ precipitates and the rafting processes becomes the dominating plastic
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mechanisms degrading even more the mechanical strength of the alloy [45, 3, 39].
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Figure 5.9 – Correlation between the evolution of the yield stress of the single
crystal superalloy CMSX-4 [115] with temperature and the diffusivity of Cr and
Co within the γ′ precipitates. The results presented in this chapter suggest that at
higher temperatures (T > 800◦C) the segregation to the deformation faults (APBs,
SESFs, SISFs or microtwins) controls the strength of the alloy by changing locally
its composition and therefore the fault energies necessary for dislocation glide.

As a result, the strong effect of the local chemical changes on the creep and plastic

strength must not be obviated in future models. One of the first experimental

attempts to accomplish this purpose has been presented by Smith et al. [53],

proposing the addition of certain elements (Ti, Ta and Nb) to block the effect of

the γ-stabilisers and eventually strengthen the alloy. In order to push forward the

temperature capabilities of these alloys, these segregation processes need to be

fully integrated in multi-physics continuum models which potentially will allow the
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dependence of the strength of the alloy on its chemical composition to be captured.

This is the purpose of the next chapter.

5.5 Conclusions
Microtwinning in the single crystal superalloy MD2 has been modelled physically.

The following specific conclusions can be drawn:

1. A dislocation-based mechanism based on the decorrelation of partials has been

proposed for microtwin formation due to loading on the 〈011〉 direction. The

twin partial configuration proposed is consistent with the 60◦ crystallographic

rotation found by EBSD analysis.

2. The kinetics of the microtwinning process have been modelled using phase

transformation theory to account for the effects of temperature, stress and

alloying. Physical constants (diffusion coefficients, chemical concentrations

and twin fractions) were determined from thermodynamic databases, atom

probe tomography, microstructural analysis and physical insights into the

process.

3. The modelling allowed for the recovery of the creep rate with reasonable

accuracy. The stress dependence was also partially captured and compared

with experimental results. At this scale, the acquired mechanistic knowledge

of the microtwinning process allowed for a better understanding of the

deformation modes occurring in these materials.

4. A criterion for microtwin nucleation has been introduced. Studying the

influence of stress and segregation/reordering on the nucleation of microtwins

revealed the necessity for chemical diffusion if microtwinning is to occur.
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This finding emphasises the crucial role of the composition on microtwin

nucleation kinetics.

5. The results presented here suggest that the chemical changes confined locally

at the faults associated with the high temperature time-dependent plasticity

contributes significantly to drop the strength of the superalloys. This phe-

nomenon – which changes the stress necessary for plastic deformation – needs

to be accounted for in future theories for the high temperature time-dependent

plasticity of these materials (T > 700 ◦C).
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6 Continuum modelling of seg-

regation assisted plasticity in

Ni-based superalloys

6.1 Introduction
The complex behaviour of superalloys in the range of temperatures of interest (600-

850◦C) makes it challenging to predict their mechanical response and performance

required for optimising the efficiency of component design. The diffusion processes

studied in the previous chapters are at the source of relevant plastic events: anoma-

lous yielding, an extensive anisotropy and a non-Schmidian tensile/compressive

asymmetric behaviour [116, 117, 118]. Therefore, reliable models able to describe

the different aspects of high temperature deformation, including the effect of the

chemical diffusion processes, are of both theoretical and practical interests.

Despite the abundant amount of research on the mechanical behaviour of superalloys

at high temperature under creep, only a few studies focus on chemical changes

during plastic deformation. These studies are usually limited to experimental

reports of their existence [52, 119, 67]. Paradoxically, these changes have been

proven to be crucial in the creep strength of the alloy by eliminating the classical
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strengthening mechanism of high-energy fault shearing of γ′ precipitates [120, 53].

This consideration is especially important above 600◦C where the diffusion processes

during deformation become dominant. A chemical-mechanical bridge between

physical modelling at the mechanistic lower scale of the previous chapter and the

continuum modelling at the higher scale is thus needed.

The work presented in this chapter aims at filling this gap. A general continuum

modelling framework for phase transformations is proposed. This model is developed

for finite deformation within a thermodynamically consistent framework. The model

was developed consistently with the experimental observations after creep presented

in the previous chapters. It couples the mechanics of the phase transformation

with changes in the chemical composition and, therefore, diffusion between phases

(parent and transformed phases). The diffusion problem is then particularised

for creep microtwinning plasticity in Ni-based superalloys. The diffusion phase

transformation theory is derived from Chapter 5.

6.2 Continuum mechanics framework
As presented in the previous chapters, the plastic deformation of superalloys in the

studied range of temperatures (mainly due to stacking faults and microtwinning)

is intimately linked with chemical fluctuations. These chemical fluctuations are

observed within the plastic regions, evolving through a transformation process

resembling a diffusional phase transition. These findings differ from the old fashioned

static view of plastic flow, in which the crystal general structure (i.e., crystal

rotations from twinning is still considered though) and the composition remain

unchanged during deformation and where the material response is only dependent

on the density of plastic sources or dislocations.
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In this work, the irreversible part of the total deformation is assumed to be the

combination of:

• Standard plastic slip: the flow rule is decomposed into elemental shear slips

over the different slip systems of the crystal. The atomic structure of the

material remains unaltered after deformation, and so does its elastic behaviour.

Two different slip systems are considered herein, consistent with previous

works in the literature [36, 38]: {111} octahedral slip and {001} cubic slip.

• Phase transformation induced deformation: in a general case, this term can

consist not only of shear deformations but also of dilatational contributions

associated with the phase transformation. In terms of the material structure,

it can either change its atomic ordering (martensitic transformations) or its

orientation (twinning). Generally, these change the elastic resistance of the

material. With regards to the specific case treated in this manuscript, segrega-

tion assisted microtwinning is considered as a diffusional phase transformation

that produces a reorientation of the lattice and no dilatation.

The model is represented by the rheological scheme shown in Fig. 6.1. The different

deformation mechanisms are represented by three nonlinear viscous dashpots

capturing the rate dependency of each mechanism. In the following, we adopt

subscripts and superscripts “pa” and “tr” to indicate parent phase and transformed

phase of the body, respectively. The different slip and twinning systems are

presented in Table 6.1.

Furthermore, we assume that the parts of the body undergoing a phase transforma-

tion deform only elastically once the transformation occurs. The Cauchy stress σ

of the homogenized body is the sum of the two phase contributions, i.e. the parent
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phase resistance σpa and the transformed phase resistance σtr:

σ = σpa + σtr (6.1)

Both stress tensors are characterized by linear elastic springs in Fig. 6.1. Their

corresponding micromechanical phase activators control the contribution of each

phase to the total stiffness as the material undergoes the phase transformation.
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Figure 6.1 – Rheological scheme of the proposed constitutive model and microstruc-
tural diagram of a microtwinned structure for Ni-based superalloys.

The formation of stacking faults and microtwins has been observed to be triggered

by local chemical changes [97, 53]. More specifically, the enrichment of Co and Cr

in the new phase lower substantially its formation energy, and thus the required

stress for the transformation. The dependence of the phase deformation resistance

on the Co and Cr concentrations is included in the model through the definition

of the free energy density of the new phase. This concentration is defined in the

diffusion-assisted transformation problem. The solution to this diffusional problem
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Table 6.1 – Slip and microtwin systems used in the crystal plasticity framework

Octahedral Slip Cubic Slip Microtwinning
±(111)-[101] ±(001)-[110] +(111)-[112]
±(111)-[110] ±(001)-[110] +(111)-[121]
±(111)-[011] ±(100)-[011] +(111)-[211]
±(111)-[101] ±(100)-[011] +(111)-[112]
±(111)-[110] ±(010)-[101] +(111)-[121]
±(111)-[011] ±(010)-[101] +(111)-[211]
±(111)-[101] +(111)-[112]
±(111)-[110] +(111)-[121]
±(111)-[011] +(111)-[211]
±(111)-[101] +(111)-[121]
±(111)-[110] +(111)-[211]
±(111)-[011] +(111)-[112]

between both phases has been already presented in Chapter 5 and is used here

within a continuum mechanics framework. In the present work, the heat terms

are neglected as the body is assumed to deform under isothermal conditions. This

assumption is consistent with the small heat produced by plastic deformation with

respect to the thermal energy stored in the body at high temperatures. Heat terms

can be incorporated trivially if needed.

It is noteworthy that the phase transformation theory described here can be also

applied to other physical problems such as martensitic phase transitions in steels

[121, 122] or growth problems in biological tissues [123, 124] where the material

structure evolves with time and, therefore, the mechanical properties also change.

In the next section, the kinematics, thermodynamics and constitutive details of

the model are presented in detail.

6.2.1 Kinematics

Four configurations are considered to define the kinematics of the model, starting

from an initial reference configuration Ω0 to a final loaded or current configuration
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Ω, see Fig. 6.2. Two intermediate configurations have been added to define the

constitutive equations for the plastic mechanisms: slip plasticity and transformation

plasticity. The first one is referred to as the intermediate transformed configuration

Ω in which only the phase transformation part of the deformation gradient tensor

Fp:tr is accounted for. The second one is referred to as the intermediate relaxed

configuration Ω in which both phase transformation and slip shearing are considered.

For an arbitrary material point X defined in the undeformed or reference configura-

tion Ω0, the current configuration Ω is reached through the mapping x = ϕ{X, t},

where ϕ is a mapping function and t is the time. The deformation gradient F,

velocity v and velocity gradient l tensor are derived as:



F = ∇Xϕ

v = ϕ̇

l = ∇xv = ḞF−1

(6.2)

The total deformation gradient tensor F is multiplicatively decomposed into an

elastic part Fe, which includes the crystal lattice distortion and local rigid rotations,

and a plastic part Fp [61]:

F = FeFp = FeFp:sFp:tr (6.3)

The plastic deformation gradient tensor Fp is decomposed into the contributions of

the phase transformation Fp:tr and the slip shearing Fp:s. The Jacobian associated

with the slip shearing retains the unimodal property Jp:s = det{Fp:s} = 1, while a

dilatational component Jp:tr = det{Fp:tr} 6= 1 can be expected in the case of the

phase transformation.
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Current configuration

Reference configuration

Intermediate transformation 
configuration

Intermediate relaxed 
configuration

Figure 6.2 – Kinematics of the proposed model showing the reference or initial
configuration Ω0, the intermediate transformation configuration Ω, the intermediate
relaxed configuration Ω, and the current or loaded configuration Ω.

The velocity gradient of the unified branch can be obtained by time-differentiating

Eq. (6.3) as (see Appendix A for more details):

l = ḞF−1 = le + FeLp:sF−e + FeLp:trF−e (6.4)

where le is the elastic contribution to the velocity gradient in the current configu-

ration Ω, Lp:s is the plastic component associated with standard slip and Lp:tr is

the contribution of the irreversible phase transformation, both in the intermediate

configuration Ω: 

le = ḞeF−e

Lp:s = Ḟp:sF−p:s

Lp:tr = Fp:sḞp:trF−p:trF−p:s

(6.5)
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These velocity gradients can be broken down into their symmetric (de, Dp:s and

Dp:tr) and skew parts (we, Wp:s and Wp:tr):



le = de + we

Lp:s = Dp:s + Wp:s

Lp:tr = Dp:tr + Wp:tr

(6.6)

expressed in Ω0 for the elastic terms and in Ω for the plastic terms.

6.2.2 Thermodynamics

In this section, the First and Second Principles of Thermodynamics are taken as

the starting point in order to derive the thermomechanical forces for the different

deformation modes (elastic, slip and phase transformation), the elastic response of

each phase and to verify the thermodynamical consistency of the constitutive model

developed herein. To this end, the Thermodynamic Principles and the free energy

function ψ0 are expressed in the reference configuration Ω0, since the evolution of

the transformed phase is tracked in this configuration. However, the plastic terms

are expressed in the dilated configuration Ω where the flow rules are usually defined

[125]. The reduced global form of energy balance expressed in Ω is postulated as

[34]
d
dt

∫
Ω
e dV =

∫
Ω

(σ : d−∇x q + r) dV (6.7)

where e is the specific internal energy per unit volume, σ : d is the stress power per

unit volume, q is the heat flow into the body per unit area and r is the internal

heat production, i.e. chemical reactions or radiation, all of these being defined in

the current configuration Ω. This energy balance can be rewritten in the reference
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configuration using dV = JdV0 as:

∫
Ω0
ė0 dV0 =

∫
Ω0

(σ : d−∇x q + r)J dV0 (6.8)

where ė0 is the rate of specific internal energy e0 per unit reference volume.

The stress power σ : d can be additionally decomposed into the elastic and plastic

contributions by using Eq. (6.4):

σ : d = σ : le + σ : FeLp:trF−e + σ : FeLp:sF−e (6.9)

The first term stands for the elastic power; the second term is the contribution

of the transformation deformation; and the last term is the standard plastic

contribution. Rearranging and expressing each term in its relevant configuration

(dilated configuration Ω for slip and phase transformation terms and current

configuration Ω for elastic terms), Eq. (6.9) can be expressed as (see Appendix A

for more details):

σ : d = J−e
(
M : Lp:s + M : Lp:tr

)
+ J−1

(
S0 : FTdeF

)
(6.10)

where S0 = JF−1σF−T is the second Piola-Kirchhoff stress of the homogenized

system resistance (parent + transformed phase) in the reference configuration, and

M = FeTFeS is the Mandel stress tensor in Ω, with S = JeFe−1σFe−T being the

second Piola-Kirchhoff stress in Ω.

The First Principle of Thermodynamics can be expressed in its local form in Ω0 by
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substituting Eq. (6.10) into Eq. (6.8):

ė0 =
(
M : Lp:s + M : Lp:tr

)
Jp + S0 : FTdeF (6.11)

Note that heating effects are neglected assuming constant and uniform temperature

T within the body.

The Second Principle of Thermodynamics reads:

d
dt

∫
Ω
η dV +

∫
Ω
∇x

q
T
− r

T
dV ≥ 0 (6.12)

where η is the specific internal entropy per unit of deformed volume. In a similar

way to the first Principle, the second Principle can be expressed in the reference

configuration Ω0 in its local form as:

η̇0 ≥ 0 (6.13)

As in the first Principle, the heating effects are also neglected here.

The specific internal entropy η0 and the specific internal energy e0 are both linked

by the definition of the Helmholtz specific free energy ψ0 = eo − Tη0, where T is

the absolute temperature.

The combination of the First and the Second Principles of Thermodynamics (Eqs.

(6.11) and (6.13)) along with the free energy rate ψ̇0 = ėo − Ṫ η0 − T η̇0 leads to

the following expression of the Clausius-Duhem inequality (assuming constant

temperature):

−ψ̇0 + Jp
(
M : Lp:s + M : Lp:tr

)
+ S0 : FTdeF ≥ 0 (6.14)
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where the left-hand side term represents the dissipation rate per unit reference

volume.

The Helmholtz free energy function of the homogenized material ψ0 is assumed to

be the combination of the contribution associated with the parent domain ψpa
0 and

the transformed domain ψtr
0 :

ψ0 = (1− f0)ψpa
0 + f0ψ

tr
0 (6.15)

where f0 is the volume fraction of material that has undergone the phase transfor-

mation in the reference configuration Ω0 and corresponds to the joint addition of the

contributions of all the phase transformation systems or twin systems f0 = ∑
β f0:β.

The free energy function ψi0{Ce, ci} for each phase i is assumed to be a function

of the elastic right Cauchy-Green tensor Ce = FeTFe and the mass concentration

of the studied elements (Co and Cr) in each phase, cpa and ctr. These are defined

as mass of solute per total mass (csol = msol
mtot

). Please note that cpa = cpa−∞ from

Chapter 5. The total mass of these solute elements within both phases reads:

mCo+Cr = V0

(
(1− f0)ρ0:pa cpa + f0ρ0:tr ctr

)
(6.16)

Supported by experimental observations [97, 4, 53], the concentration differences are

small enough (1% to 2%) to assume that the density of both phases is approximately

the same in the reference configuration (ρ0:pa ≈ ρ0:tr). Taking this into account,

time deriving Eq. (6.16) and assuming mass conservation of the diffusive species

(ṁCo+Cr = 0), one reaches:

(1− f0)ċpa = −f0ċtr − ḟ0(ctr − cpa) (6.17)
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The time derivative of ψ0 defined in Eq.(6.15) combined with Eq. (6.17) then reads

ψ̇0 =
[
(1− f0)∂ψ

pa
0

∂Ce + f0
∂ψtr

0
∂Ce

]
: Ċe − ψpa

0 ḟ0 + ψtr
0 ḟ0

+ f0
∂ψtr

0
∂ctr

ċtr − f0
∂ψpa

0
∂cpa

ċtr − ḟ0(ctr − cpa)
∂ψpa

0
∂cpa

(6.18)

Substituting the definition of the right Cauchy-Green deformation tensor Ce and

rearranging, the term ∂ψi0
∂Ce : Ċe (where i stands for the parent phase or the

transformed phase) can be rewritten as:

∂ψi0
∂Ce : Ċe = 2 ∂ψ

i
0

∂Ce : FeTdeFe (6.19)

Introducing this in Eq. (6.18) and substituting this expression for ψ̇0 into Eq.

(6.14), the Clausius-Duhem inequality reads

(
FpS0FpT − 2

[
(1− f0)∂ψ

pa
0

∂Ce + f0
∂ψtr

0
∂Ce

])
: FeTdeFe

︸ ︷︷ ︸
elastic

+ Jp
(

M : Lp:s
)

︸ ︷︷ ︸
slip

+ Jp
(

M : Lp:tr
)

+
(
ψpa

0 − ψtr
0 + (ctr − cpa)

∂ψpa
0

∂cpa

)
ḟ0︸ ︷︷ ︸

transformation

+ f0

(
∂ψpa

0
∂cpa

− ∂ψtr
0

∂ctr

)
ċtr︸ ︷︷ ︸

diffusion

≥ 0

(6.20)

Here, the transformation term (ctr − cpa)∂ψ
pa
0

∂cpa
is small compared to the other high

energy transformation terms if the parent phase does not contain any high energy

defect or is near equilibrium ((ctr− cpa)∂ψ
pa
0

∂cpa
� ψpa

0 −ψtr
0 ). This assumption is valid

for the present work and, therefore, the transformation term can be omitted:
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(
FpS0FpT − 2

[
(1− f0)∂ψ

pa
0

∂Ce + f0
∂ψtr

0
∂Ce

])
: FeTdeFe

︸ ︷︷ ︸
elastic

+ Jp
(
M : Lp:s

)
︸ ︷︷ ︸

slip

+ Jp
(
M : Lp:tr

)
+ (ψpa

0 − ψtr
0 )ḟ0︸ ︷︷ ︸

transformation

+ f0

(
∂ψpa

0
∂cpa

− ∂ψtr
0

∂ctr

)
ċtr︸ ︷︷ ︸

diffusion

≥ 0 (6.21)

The Coleman and Noll method [126] establishes that the fundamental inequality

presented in Eq. (6.21) must be satisfied for every admissible thermodynamic

process. Accordingly, the elastic term must be equal to zero for any FeTdeFe,

leading to the constitutive equation:

S = 2Jp−1
[
(1− f0)∂ψ

pa
0

∂Ce + f0
∂ψtr

0
∂Ce

]
(6.22)

Introducing this expression into Eq. (6.21) reduces the Clausius-Duhem inequality

to:

Jp
(
M : Lp:s

)
︸ ︷︷ ︸

slip

+ Jp
(
M : Lp:tr

)
+ (ψpa

0 − ψtr
0 )ḟ0︸ ︷︷ ︸

transformation

+ f0

(
∂ψpa

0
∂cpa

− ∂ψtr
0

∂ctr

)
ċtr︸ ︷︷ ︸

diffusion

≥ 0 (6.23)

where, as stated by the Second Principle of Thermodynamics, the left-hand side

of this equation represents the rate of internal entropy production η̇0 and is equal

to the dissipation rate per unit reference volume Ḋ. The first term in Eq. (6.23)

is the dissipation associated with the plastic deformation due to slip, the second

term comes from the dissipation produced by the plastic transformation and the

third term is the dissipation associated to the concentration change of the body

driven by the diffusion between phases.
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6.2.3 Constitutive model

6.2.3.1 Elastic behaviour

The Helmholtz free energy of each phase i is assumed to be additively decomposed

into a mechanical term ψi0:mech{Ee} dependent only on the elastic strain Ee and a

chemical term ψ0:chem{ci} dependent on the concentration of Co+Cr in each phase:

ψi0 = ψi0:mech{Ee}+ ψi0:chem{ci} (6.24)

Deformation in metals usually leads to infinitesimal elastic strains and the mechan-

ical part of the elastic strain energy can be defined as a quadratic function of the

elastic strain:

ψi0:mech = 1
2Ci :: (Ee ⊗ Ee) (6.25)

where Ci represents the fourth-order elasticity tensor of phase i and Ee = 1
2(Ce− I)

is the Green-Lagrange elastic strain. Using this expression in Eq. (6.22), the second

Piola-Kirchhoff stress tensor reads:

S = Jp−1
[
(1− f0)Cpa + f0 Ctr

]
: Ee (6.26)

The fourth-order matrix elasticity tensor Ci can be formulated in crystal principal

axes as:

Cpa = Rcrys→Ω0Rcrys→Ω0 Ccrys RT
crys→Ω0RT

crys→Ω0 (6.27)

where Ccrys is the stiffness matrix in the principal crystal axes and Rcrys→Ω0 is

the rotation matrix between the principal crystal configuration and the reference
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configuration. Ctr is related to Ccrys by:

Ctr = Rcrys→Ω0Rcrys→Ω0RtwinRtwinCcrysRT
twinRT

twinRT
crys→Ω0RT

crys→Ω0 (6.28)

where Rtwin represents the transformation matrix between the lattice orientation in

the matrix and the lattice orientation in the twinned region. The rotation matrix

Rtwin is defined for the case of compound type twins in FCC by [56]:

Rtwin = 2(mβ ⊗mβ)− I (6.29)

where mβ represents the glide direction of the twin system β in the relaxed

configuration Ω.

The free energy for stacking faults in metals is usually expressed in terms of the

stacking fault energy γSF defined as [105]:

γSF = ∂Ψ
∂Af

= ht (ψtr
0:chem − ψ

pa
0:chem) (6.30)

where Ψ is the extensive free energy, Af is the area of fault and ht the height of an

individual fault or twin ledge.

Finally, the stacking fault energy γSF of the new phase needs to be defined as a

function of its concentration and therefore, of its growth rate. For this purpose,

the model presented in Chapter 5 is used here. As a summary, the growth

velocity of the fault ledge is obtained by solving locally the diffusion problem in

its surrounding with the concentration of the fault as a boundary condition. The

energy profile considered in this work for the growing fault as a function of the

Co+Cr concentration c is presented in Fig. 6.3a. The fault concentration profile as
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a function of the fault growing rate is presented in Fig. 6.3b. This profile is obtained

by solving the diffusion model in Chapter 4 for different fault concentrations.

Here, three different scenarios can be identified from Fig. 6.3a-b. First, when the

strain rates are high compared to the characteristic diffusion rate of the problem,

the chemical problem can be considered as static and, therefore, the new phase is

growing with the same concentration as the parent phase. This implies that the

fault is growing unsegregated with a high stacking fault energy corresponding to

a complex stacking fault (γSF = γ2xCISF = 354mJ/m2 [76]). This is indicated as

scenario A in Fig. 6.3a-b. The concentration threshold for scenario A is considered

to be the parent concentration experimentally found by APT for MD2 in the

previous chapter. On the other hand, if the phase transformation occurs slowly

enough, the fault can be considered to be in fully segregated equilibrium, therefore,

with a low energy corresponding to a standard SESF (γSF = γSESF = 74mJ/m2

[76]). This is indicated as scenario C in Fig. 6.3a-b. The concentration threshold

for scenario C is assumed to be the fault concentration found in the previous
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Figure 6.3 – a) Fault concentration of the new phase ctr as a function of the
transformation velocity vtr obtained from the diffusion model of Barba et al. [51].
Points are the exact solution for the diffusion problem; b) stacking fault energy γSF
as a function fo the concentration of the new phase. Energies for the perfect CSF
(unsegregated fault) and SESF (segregated fault) are obtained from Voronstov et
al. [76]; c) the combination of the functions presented in a) and b) leads to the
stacking fault energy for the phase transformation problem vs. its fault growth
rate.
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chapter by APT. Between these two extreme cases, the growing fault is partially

in equilibrium and the staking fault energy is assumed to follow a linear relation

with the Co+Cr concentration of the fault as indicated in scenario B [76]. Bringing

together both functions in Fig. 6.3a-b leads to the definition of the new phase

staking fault energy depending on the fault lengthening rate, see Fig. 6.3c.

6.2.3.2 Plastic relations

Plastic slip flow

From the kinematics of dislocation motion, the plastic velocity gradient Lp:s is of

the form [127]:

Lp:s =
∑
α

γ̇αmα ⊗ nα (6.31)

where γ̇α is the shear rate of the slip system α and nα is the corresponding slip

plane normal defined in the relaxed configuration Ω (mα is the same as in Eq.

(6.29)).

The plastic flow described in (6.31) is defined by the plastic multiplier γ̇α. The

evolution of the plastic multipliers is governed by the conjugate thermodynamic

forces for each mechanism which can be identified from the expression of the

mechanical dissipation sources in Eq. (6.23). The driving force for slip shearing

per unit of volume in the intermediate configuration Ω can be rewritten as:

Ḋslip = M : Lp:s =
∑
α

M : (mα ⊗ nα)γ̇α =
∑
α

ταγ̇α (6.32)

where τα = M : (mα ⊗ nα) is the slip resolved shear stress on slip system α and

corresponds to the driving force for slip shearing.

The evolution of the plastic multiplier γ̇α can be described by viscous flow rules

124



6.2. Continuum mechanics framework

dependent on the conjugate thermodynamic force τα. While more complex relation-

ships exist, e.g. [128], they can be linked through a simple power-law [129, 130]:

γ̇α = γ̇0

τα
sα


1/mα

(6.33)

where 1
mα
≈ Qact

kBT
, with kB as the Boltzmann constant, T is the absolute temperature

and Qact is the activation energy of the deformation mechanism. Non-explicit

yielding is considered in this model. If τα > 0, the material is always plastically

deforming along the slip plane following the positive direction of τα. This approach

has been used successfully before in other creep models [131, 132, 133].

Phase transformation flow

Extending the same approach to the phase transformation, Fp:tr accounts for two

contributions associated with each phase transformation system β:

• Shear strain γtr that follows a slip direction mβ and is associated with the

Schmid tensor mβ ⊗ nβ, where nβ is the corresponding transformation plane

normal.

• Volumetric strain δtr:β = J tr − 1 where J tr = det{Ftr}. This transformation

can be expressed as a function of a unit-modulus tensor F∆V that determines

the volumetric part of the phase transformation gradient and is escalated by

the volumetric multiplier δtr:β.

The transformation velocity gradient then reads [134]:

Lp:tr =
∑
β

ḟ0:β
[
(γtr(mβ ⊗ nβ) + δtr:βF∆V

]
(6.34)
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where ḟ0:β is the fraction rate of transformed phase β.

For the case of microtwins and stacking faults in superalloys, where the transforma-

tion consists of a simple shear, the dilatational term is negligible (δtr:β = J tr − 1 =

Jp − 1 = 0) and, therefore, ḟβ = ḟ0:β is assumed from this point onwards [4, 9].

Thus, the velocity gradient Lp:tr reduces to:

Lp:tr =
∑
β

γ̇β(mβ ⊗ nβ) (6.35)

where the plastic multiplier γ̇β is related to the transformation fraction rate ḟ0:β

by:

γ̇β = ḟ0:βγtr (6.36)

Similar to slip, the driving force for phase transformation per unit volume in the

intermediate configuration Ω can be extracted from the dissipation rate:

Ḋtransformation = M : Lp:tr + J−p(ψpa
0 − ψtr

0 )ḟ0 =
∑
β

[
M : (mβ ⊗ nβ) γtr + J−p(ψpa

0 − ψtr
0 )
]
ḟ0:β =

∑
β

[
τβ + J−p

ψpa
0 − ψtr

0
γtr:β

]
γ̇β (6.37)

where τβ = M : (mβ ⊗ nβ) is the phase transformation resolved shear stress of

the phase transformation system β. The driving force for phase transformation

assuming plastic isochoricity (Jp = 1) is then defined as τβ + ψpa0 −ψ
tr
0

γtr
. Making use

of the free energy split into elastic ψ0:mech and chemical contributions ψ0:chem, we

can express this driving force in terms of the elastic strain Ee and the stacking

fault energy ΓSF from Eqs. (6.30), (6.24) and (6.25) as:

τβ + ψpa
0 − ψtr

0
γtr

= τβ −
ΓSF:β

γtr ht
− 1

2 γtr

(
Ctr − Cpa

)
:: (Ee ⊗ Ee) (6.38)
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Following the procedure introduced by Mareau et al. [130] for magnesium and

Meric et al. [129] for FCC materials, this driving force can be introduced in the

numerator term of the power law in Eq. (6.33). The flow rule for the plastic

multiplier γ̇β follows



γ̇β = γ̇0

τβ −
ΓSF:β
γtr ht

− 1
2 γtr

(
Ctr − Cpa

)
:: (Ee ⊗ Ee)

sβ


1/mβ

,

if τβ −
ΓSF:β

γtr ht
− 1

2 γtr

(
Ctr − Cpa

)
:: (Ee ⊗ Ee) > 0

γ̇β = 0,

if τβ −
ΓSF:β

γtr ht
− 1

2 γtr

(
Ctr − Cpa

)
:: (Ee ⊗ Ee) ≤ 0

(6.39)

where mβ is the rate dependency coefficient defined as in the slip case. The plastic

flow rule associated with the phase transformation is assumed to be unidirectional.

Indeed, as detwinning is unlikely to happen under uniaxial loading conditions, it is

not considered in this work, as done elsewhere [135, 136].

Hardening laws

The strain hardening of the viscous resistance parameters ṡi for each slip/twin

system i is defined by the generalized rate equation:

ṡi =
∑
j

hij γ̇j (6.40)

where hij are the hardening moduli. The sum ranges over all the deformation

mechanisms (slip+twin). The hardening moduli evolution is defined as [137]:

hij = (q + (1− q) δij)h0 sech2
{
h0 γi
ss − s0

}(
1 +

∑
i 6=j

fijtanh{γj/γ0}
)

(6.41)
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where q is the cross hardening parameter, δij is the Kronecker symbol, h0 is the

hardening modulus, s0 is the initial shear resistance, ss is the breakthrough stress

at which the large plastic flow initiates, γ0 is the amount of shear strain after

which the interaction between the shear systems reaches a peak strength and fij

represents the degree of interaction between deformation mechanisms. For the

sake of simplicity, only the strong hardening interaction of the twin bands on the

other non-coplanar twin/slip systems is considered (fij 6= 0 if j ∈ twin systems

and i and j are not coplanar). This is believed to be the strongest hardening

mechanism because of its high effectiveness in reducing the free path for dislocations.

Hardening between the coplanar slip or twin systems is not considered.

As a summary, Fig. 6.4 presents the proposed multiscale approach for the phase

transformation problem. First, the viscous growth rate for the phase transformation

ḟ0 is defined in terms of the free energy function ψtr − ψpa using the Principles of

Thermodynamics. Then, the free energy change is linked with the concentration of

the new phase ctr using atomistic data from the literature [76]. Linear evolution

of the fault energy with respect to the concentration is assumed. Finally, the

concentration of the new phase is defined as a function of its growth rate using

diffusion theory [51]. The set of nonlinear diffusion equations are coupled with the

mechanics of the constitutive problem and thus need to be solved simultaneously.

The set of diffusion equations linking the fault concentration and its growth rate

are detailed in Eqs. (5.7) in Chapter 5. This set of nonlinear diffusion equations

is coupled to the mechanics of the constitutive problem through the strain rate

– stacking fault energy relationship in Eq. (6.39) and thus need to be solved

simultaneously.
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6.3. Thermodynamic consistency of the model

6.3 Thermodynamic consistency of the model
The thermodynamic consistency of the phase transformation model is studied here.

In order for the process to be fully thermodynamically consistent, the Clausius-

Duhem inequality must be satisfied for any arbitrary variation of the state of the

system (elastic deformation, slip deformation, phase transformation or chemical

concentration changes in this case):

Jp
(
M : Lp:s︸ ︷︷ ︸
slip

)
+ Jp

(
M : Lp:tr

)
+ (ψpa

0 − ψtr
0 )ḟ0︸ ︷︷ ︸

transformation

+ f0

(
∂ψpa

0
∂cpa

− ∂ψtr
0

∂ctr

)
ċtr︸ ︷︷ ︸

diffusion

≥ 0 (6.42)

Following the Coleman and Noll [126] method, we aim at satisfying the positive or

zero condition for each of the terms to assure the thermodynamical consistency of

the model.

The first term associated with the slip dissipation can be expressed in the inter-

mediate configuration Ω as a function of the slip plastic multipliers γ̇α and the

projected stress τα:

M : Lp:s =
∑
α

M : (mα ⊗ nα)γ̇α =
∑
α

ταγ̇α ≥ 0 (6.43)

where the consistency is obtained implicitly from the flow rule definition in Eq.

(6.33), where the same direction for stress τα and the plastic multiplier γ̇α is imposed

(ταγ̇α ≥ 0).

Similarly, the second term associated with the transformation dissipation can be

rearranged in the intermediate configuration Ω using the definition of the plastic

flow in Eq. (6.34), the definition of the projected stress τβ and the relation in Eq.
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6.3. Thermodynamic consistency of the model

(6.36) as:

M : Lp:tr + (ψpa
0 − ψtr

0 )ḟ0 =
∑
β

[
M : (bβ ⊗ nβ) γtr + (ψpa

0 − ψtr
0 )
]
ḟ0:β =

∑
β

[
τβ + ψpa

0 − ψtr
0

γtr

]
γ̇β ≥ 0 (6.44)

where again the consistency is obtained implicitly from the flow rule definition in

Eq. (6.39), where the same direction for the driving force and the plastic multiplier

γ̇β is imposed (
[
τβ + ψpa0 −ψ

tr
0

γtr

]
γ̇β ≥ 0).

The third term is associated with the driving force for diffusion between the parent

phase and the transformed phase. This is driven by a reduction of the Gibbs free

energy per unit volume δG = δψ + δp+ ηδT of the biphasic system, where ψ and

p, are respectively the Helmholtz free energy and the pressure of the system. In

isothermal solid-solid transformations, the term associated with the pressure p is

small and can be ignored leading to δψ = δG [105]. By introducing the definition

of the chemical potential (µ = ∂G
∂c

= ∂ψ
∂c
), the transformation dissipation term reads:

f0

(
∂ψpa

0
∂cpa

− ∂ψtr
0

∂ctr

)
ċtr = f0(µpa − µtr)ċtr ≥ 0 (6.45)

If we assume a closed system including parent and transformed phase (see Fig. 6.5)

the sign of this term can be expressed as:

sign{ċtr} = sign{δctr|δt} = sign{δmtr|δt} = −sign{J } (6.46)

where δc|δt and δm|δt are an infinitesimal concentration increment and a mass

increment for an infinitesimal time increment δt, and J is the mass flux across

the interface of both phases relative to the new phase (positive as indicated in Fig.
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6.5). Introducing the generalized first Fick’s law at the interface J ∝ (µtr − µpa)

[138], the sign of the dissipation term can be expressed as:

sign{(µpa − µtr)ċtr} = −sign{µpa − µtr} sign{J } =

sign{µpa − µtr}sign{µpa − µtr} ≥ 0 (6.47)

which proves that the transformation dissipation term in Eq. (6.42) is always

positive during non-equilibrium (ċtr 6= 0) or zero at equilibrium (µpa = µtr).

Parent

Transformed 
phase

Figure 6.5 – Diagram of the fluxes present in the mass diffusion problem for the
case of phase transformation.

6.4 Conclusions
This chapter analyses the phenomenon of segregation assisted plasticity in Ni-based

superalloys using phase-transformation diffusion theory and crystal plasticity theory.

The following contributions can be extracted from this work:

• On the basis of the experimental observations, a mechanical constitutive

model for Ni-based superalloys has been developed accounting for the three

main mechanisms observed in these alloys between 700 and 800◦C: octahedral

slip, cubic slip and microtwinning. The microtwinning mechanism has been
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6.4. Conclusions

modelled as a phase transformation phenomenon.

• The flow rules for the three mechanisms have been developed from the dissi-

pation rates derived from the application of the First and Second Principles

of Thermodynamics. Finite deformation is assumed. The thermodynamic

consistency of the model has been proven.

• The flow rule for the phase transformation includes the proposed model for

the diffusion-assisted growth introduced in the previous chapter.

• The driving force for the phase transformation includes the free energy change

introduced by the change of atomic structure through the stacking fault energy.

It also includes the discrepancy between the stiffness of the parent phase and

the transformed phase.
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7 Numerical modelling of mid-

temperature creep in Ni-based

superalloys

7.1 Introduction
The continuum framework developed in the previous chapter is now used to study

the mechanical behaviour of Ni-based superalloys in the mid-temperature range.

The model described was implemented in a user material subroutine UMAT for

the FE program ABAQUS/Standard [139]. The implicit integration of the crystal

plasticity equations was done following the methodology of the work of Huang [140]

and Kysar [141]. The plastic relationships (plastic-flow rules) developed in the

previous chapter were implemented in the original user subroutine maintaining the

Newton-Raphson structure of the code. The main additional difficulty appearing

from the new plastic flow relations is that, for each Newton-Raphson iteration, the

strain-rate evaluation of the microtwinning systems using Eq. (6.39) is coupled to

diffusion equations in Eqs. (5.7). These diffusion equations are solved all together

iteratively in an inner loop using the bisection method.

The constitutive model has been calibrated for MD2 superalloy. Once calibrated
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7.2. Simulations of creep in single crystal MD2 Ni-based superalloy

the model is used to study the effect of microtwinning on the mechanical behaviour

of this alloy. First, the orientation dependent behaviour of the single crystal

superalloy at 800◦C is studied computationally. The results are compared with the

experimental data reported in Chapter 3. Second, the model is extended to study

the simultaneous activities of different plastic mechanisms in the polycrystalline

superalloy MD2-CC and their influence on the mechanical behaviour. Both single

crystal and polycrystal applications demonstrate the critical role of the diffusion-

assisted microtwinning mechanism in providing the high antisymmetric behaviour

observed in superalloys.

7.2 Simulations of creep in single crystal MD2

Ni-based superalloy
The calibrated model results for 〈001〉, 〈011〉 and 〈111〉 compression tests are

shown in Fig. 7.1. The compression creep tests for MD2 superalloy indicated in

Table 3.3 were used here to calibrate the constitutive model. The elastic constants

(C11,C12 and C44) for MD2 superalloy were obtained from literature data [142]. The

shear induced by microtwinning γtr was obtained from geometrical relations [51].

The identification process to obtain the rest of the plastic model parameters was

carried out by an inverse optimization approach. To this end, the uniaxial creep

strain-time curves for compression along 〈001〉, 〈011〉 and 〈111〉 directions shown

in Fig. 3.2 were used as input data. The optimization problem was solved using a

genetic algorithm within the constitutive framework implemented in Matlab [143]
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7.2. Simulations of creep in single crystal MD2 Ni-based superalloy

for uniaxial testing conditions. The residual R is given by

R = 1
n

n∑
i=1

(εexpi − εnumi )2 (7.1)

where n is the number of data points compared and εexp and εnum represent the

experimental and numerical values of the creep strain, respectively. The final stages

of deformation were excluded from the optimization process as, during the tertiary

creep, the damage mechanisms are dominant and their effect is not included in this

model.

The elastic and geometrical constants and the calibrated model parameters for the

three deformation modes considered are presented in Table 7.1. The application of

the model to predict the plastic behaviour of single crystals is presented next.

Table 7.1 – Crystal plasticity constitutive parameters for MD2 Ni-based superalloy.
The parameters marked with an asterisk * has been optimised using the creep
response of the material while the rest have been obtained from the literature or
geometric considerations.

Elastic Properties
C11 (GPa) C22 (GPa) C44 (GPa) γtr:β (-) ht (m)

230 150 90
√

2/2 7/3
√

3×10−10

Octahedral Slip
γ∗0 (1/s) m∗(-) s∗0 (MPa) τ ∗s (MPa) h∗0 (MPa) f ∗ij (-) γ∗0 (-) q∗ (-)

1.68×10−8 0.098 235 237 949 1.04 0.02 2.51
Cubic Slip
γ∗0 (1/s) m∗(-) s∗0 (MPa) τ ∗s (MPa) h∗0 (MPa) f ∗ij (-) γ∗0 (-) q∗ (-)
5.7×10−7 0.098 302 290 951 1.04 0.02 2.51
Twinning
γ∗0 (1/s) m∗(-) s∗0 (MPa) τ ∗s (MPa) h∗0 (MPa) f ∗ij (-) γ∗0 (-) q∗ (-)

1.16×10−6 0.3 52 76 841 1.04 0.02 2.51

7.2.1 Macroscopic creep behaviour

Numerical models with the dimensions of the specimens employed in the uni-

axial compression and tension tests described in Chapter 3 were developed in
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Figure 7.1 – Strain-time experimental curves of MD2-single crystal superalloy at
800 ◦C for different stresses vs. model predictions.
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7.2. Simulations of creep in single crystal MD2 Ni-based superalloy

ABAQUS/Standard. The models were meshed with C3D8 elements. The boundary

conditions of the experimental setup were reproduced accordingly. The specific crys-

tal orientations used in the models were extracted from the EBSD measurements

given in Table 3.2.

The measured and predicted creep strain-time curves for the tension creep tests

along 〈001〉, 〈011〉 and 〈111〉 are shown in Fig. 7.1. In all three tensile crystal

directions, the macroscopic responses were predicted with reasonable accuracy. For

the testing directions where microtwinning was active (〈001〉-compression and 〈011〉-

tension) the model underestimates the plastic strain of the final stage of the creep

test. This can be explained in terms of specific damage mechanisms (not accounted

for in the model) associated with the microtwin boundaries introduced in Chapter

3, where an embrittlement of the samples developing tensile twins was reported. As

a summary, an increase of dislocation densities in the parent phase at the microtwin

boundaries was observed. These pile-ups were presumably formed by the abrupt

change of Schmid factors between twin and parent phases; the microtwins acted as

dislocation barriers. As the parent phase deforms plastically on different slip/twin

systems than the principal twin system, the dislocations become increasingly

trapped, producing stress concentrations and promoting damage. In the present

work, the same phenomenon was observed for the case 〈001〉-compression testing

when microtwinning is activated, leading to a final stage with accelerated strain

rates, see Fig. 7.1. This damage process could be added in future developments of

the constitutive framework presented here. For example, one could limit the amount

of plastic deformation that the parent phase can accommodate when the slip and

twin systems are different from the main one [110]. If this plastic deformation would

reaches a critical value, catastrophic failure can occur, as observed experimentally.
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7.2. Simulations of creep in single crystal MD2 Ni-based superalloy

The increasing strain rates observed in this work in the computational curves are

due to the cross-sectional area reduction due to plastic elongation and the fact that

both models and experiments are carried out under constant engineering stress.

7.2.2 Mechanisms activity

The activity fraction for each slip (octahedral and cubic) and twin mechanism

(foct, fcub, ftwin) is defined as:

fi = γi
γtotal

(7.2)

where i ∈{oct,cub,twin} and γtotal = γoct + γcub + γtwin.

The values obtained for each orientation are plotted in Fig. 7.2 for 800◦C and

650MPa under both tension and compression conditions. The asymmetric be-

haviours observed in the creep curves correlates well with the type of deformation

mechanism activated, especially for 〈001〉 and 〈011〉 orientations. Twinning is active

and responsible for most of the creep plastic deformation for 〈001〉-compression

and for 〈011〉-tension. This is in agreement with previous experimental studies

where microtwinning was found to account for most of the plastic deformation

during creep (up to ≈ 90%) for 〈011〉-tension [24, 51, 53]. For 〈111〉 specimens,

no change of mechanism is found due to the dominant role of cubic slip in this

direction and the symmetry of this mechanism. This could explain the reduced

asymmetric behaviour in this direction when compared with 〈001〉 and 〈011〉. The

activity study presented here was generalized for the whole set of possible single

crystal orientations in Fig. 7.3 for tension and compression cases. Although only

the microtwinning mechanism is antisymmetric in terms of its kinematics, the high

asymmetry is also extended to the other two mechanisms. The directions in the

lower part of the inverse pole figure, along the 〈001〉-〈110〉 pole line present a high
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7.2. Simulations of creep in single crystal MD2 Ni-based superalloy

asymmetry in terms of activity between tension and compression cases (e.g. the

twin and octahedral regions swap). In the upper part of the inverse pole figure, the

deformation along the cubic systems is preferred over the two other mechanisms

both in tension and compression. The mechanism symmetry also leads to a higher

symmetric creep behaviour.
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Figure 7.2 – Shear contribution to the total one for each deformation mechanism for
simulations performed at 650MPa and 800◦C. The mechanism fraction is defined
as foct,cub,twin = γoct,cub,twin

γtotal

Another crucial point regarding the creep deformation of single crystals is the

rotation of the lattice during the test, as it has a great influence on the creep

life [7, 24, 78, 144]. This rotation is produced when the deformation is limited to
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only one shear system and the tensile axis is constrained by the loading machine.

This phenomenon is defined as “single slip” [145]. When several slip systems are

activated (standard slip or twinning), the rotations of the lattice are less pronounced

as the rotations of slip systems counteract each other.

The rotations for the different loading directions are presented in Fig. 7.4a for the

800◦C-650MPa cases. The tension and compression cases along the 〈111〉 direction

and the tension case along the 〈011〉 direction show the greatest lattice rotation

after testing. This is in agreement with the slip system activities presented in

Fig. 7.4b for the six different loading conditions. It can be observed that for the

cases with large rotations, only one shear system is active. The deformation is

constrained to shear along (111)-[112] twin system for the case of 〈011〉 in tension

and (100)-[011] for the case 〈111〉 in tension and compression. For the tension cases,

the loading axis rotates towards the single slip direction while for the compression

case, it rotates towards the single slip plane normal, in agreement with CP theory
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7.2. Simulations of creep in single crystal MD2 Ni-based superalloy

[145]. The time at which 2% of plastic strain is experimentally reached for each

orientation (see Fig. 7.4) is shown in Table 7.2. The time-to-rupture is in agreement

with other creep orientation dependence studies [146]. This and Fig. 7.4 indicate

a correlation between the single slip cases and the conditions with higher creep

rates (〈111〉 tension and compression and 〈011〉 tension). This correlation can

also be extended to the time to rupture for the tension cases in Fig. 7.1. These

observations are in agreement with previous experimental studies showing that

conditions in which only one deformation shear system is active present the worst

creep responses and are thus not desirable [36, 7, 2]. A physical explanation for

this can be proposed by comparing the two testing conditions with microtwins

presented in Fig. 3.5b (〈110〉-tension and 〈001〉-compression). For 〈110〉-tension,

only one system of twin bands is observed in agreement with the simulations

presented in Fig. 7.4b. In such a condition, the shearing distance free path for

new gliding dislocations in the single slip mode is not affected by the formation of

new twins as the partial dislocations run parallel to the preformed twins. However,

for 〈001〉 compression, the twin band network extends along two different twin

planes reducing drastically the mean free path of the gliding dislocations and thus

considerably hardening the alloy. Therefore, it can be inferred that loading cases

where more than one system is active should present lower minimum creep rates

and higher creep life than when multiple systems are active. This effect is included

in the constitutive model by the cross-hardening term fij between different slip

planes.
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Figure 7.4 – a) Inverse pole figure showing the rotations of the crystal lattice
obtained from the single crystal numerical simulations at 800◦C and 650MPa. In
orange and marked with ∗ the tested crystal orientations and in green the slip
direction and normals. Blue is for the rotations of tensile cases and red is for the
rotations of compression cases. The whole orientation plane is shown due to the non-
symmetric character of microtwinning; b) shear strains of the different deformation
systems for the three different tested orientations. Blue is for octahedral slip, green
is for cubic slip, and red is for microtwinning.

7.3 Mid-temperature creep of polycrystalline ag-

gregates
In this section, the model is used to demonstrate its predictive capability for

creep of Ni-based superalloys polycrystalline aggregates. A series of polycrystalline
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Table 7.2 – Creep times for reaching 2% plastic strain for each orientation and
loading case.

〈001〉 〈011〉 〈111〉
Tension 37.2 h 3.2 h 6.0 h

Compression 14.1 h 51.3 h 3.1 h

compression creep tests of MD2-CC superalloy was used to validate the proposed

constitutive model. The study is then extended to analyse the tension/compression

differences at the micromechanical level during high temperature deformation of

polycrystalline superallloys.

7.3.1 Experimental campaign

A polycrystalline version of the single crystal superalloy MD2 presented in the

previous chapters is used in this analysis. Cylinders of 5mm diameter for 5mm

length were machined, see Fig. 3.1b. A series of compression creep tests at 800◦C

and 650-700MPa were performed. The tests were run for 150 hours. The strain

was measured from the displacement of the grips using digital image correlation.

An image of the experimental setup is presented in Fig. 7.5a. Compression tests

were selected in this study to minimize grain boundary sliding, the formation of

cavities at the grain boundaries and premature failure of the material.

7.3.2 Numerical setup

A numerical model simulating the alloy microstructure was constructed from a

series of grain measurements, see Fig. 7.5b. The measured statistical grain size

distributions were fitted to a normal distribution and included in the computational

model using the grain-aggregates generator tool Neper [147]. Fig. 7.5c shows an

example of the polycrystalline model used here. The orientation information was
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7.3. Mid-temperature creep of polycrystalline aggregates
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Figure 7.5 – a) Experimental set-up for the polycrystalline compression creep tests;
b) characteristic EBSD micrograph of polycrystalline MD2-CC superalloy (left) and
statistical grain diameter distribution (right); c) synthetic polycrystalline model
used for the numerical simulations. The information obtained from the statistical
grain size distribution was used to construct the computational model.

extracted from the EBSD measurements of the pre-tested sample and matched

with the grain distribution in the computational model.

Compression and tension conditions were both simulated: the former to validate

the model against the experimental results and the latter to study the tension-

compression behaviour of the polycrystalline superalloy. The boundary conditions

for the compression cases were the same as for the single crystal. For the tension

cases, the bottom face of the cylinder was fixed in the loading direction and the

top was pulled to maintain the coherence with the compression case. The final FE

model contains 103 grains with a total of 5,427 tetrahedral elements and was run

using ABAQUS/Standard [139].

7.3.3 Mechanisms activity

The numerical results provided by the polycrystalline model were compared with

the experimental data for the compression loading, see Fig. 7.6. A good correlation

was found between the experimental and computational curves, especially in the

secondary creep region. The curves slightly differ during the initial primary creep

region for 650MPa, but are still in the expected scatter of the creep results.
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7.3. Mid-temperature creep of polycrystalline aggregates

This demonstrates the ability of the model to faithfully reproduce the mechanical

behaviour of polycrystalline materials from single crystal properties.
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Figure 7.6 – Creep strain vs. time curves used for validation purposes for the
polycrystalline superalloy MD2-CC tested at 800◦C under compression stresses of
650MPa and 700MPa.

In Fig. 7.7a-b, a comparison between the tensile and compression creep cases is

presented. In Fig. 7.7a, simulations exhibit an antisymmetric behaviour between

tension and compression cases with an inferior creep strength for tension. This

might be exclusive for the case studied here due to the large grain size of the

alloy. The results are further analysed in Fig. 7.7b where the activities of the

different mechanisms are computed. The activity is defined as the ratio of shear

strain produced by each mechanism to the total activity, see Eq. (7.2). The

results show that in most grains, a single deformation mechanism is dominant
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7.3. Mid-temperature creep of polycrystalline aggregates

per grain rather than a mix of several ones. Near to the grain boundaries, the

strain incompatibilities between grains produce non-homogeneous complex stress

states different from the uniaxial ones controlling the deformation within the core

of the grains. This leads to a mix of deformation mechanisms different from the

hegemony observed inside the grains. This is the cause of the unfilled regions in the

combined graph in Fig. 7.7b. For compression, octahedral and cubic slips are more

common than microtwinning, while in tension the contributions of all mechanisms

are comparable. This might be explained again by the large grain size of the alloy

being therefore a specific phenomenon of the combination of grains and orientations

studied here. The change in mechanism between tension and compression extends

along the whole aggregate as observed in the combined activity diagram in Fig.

7.7b (right). These changes in mechanism are caused by the unidirectionality of

the microtwinning shearing and they explain the asymmetric strength observed in

Fig. 7.7a as grains deform by mechanisms with differing creep strengths for the

different loading conditions. This difference in creep strength is expected to vanish

as the testing volume increases or the mean grain size gets smaller. The role of the

microtwinning mechanism on the creep strength is further supported by previous

observations in Chapter 3 linking the formation of microtwins to a premature failure

of the alloy. The local promotion of stress concentrations due to microtwinning was

observed to lead to an important damage of the microstructure for single crystal

alloys. In the present work, the experimental observations presented in Fig. 7.8

confirm the extension of this phenomenon to polycrystalline alloys. Here, a grain

orientation map was obtained from the fracture surface of a MD2-CC sample after

tensile creep testing at 750◦C and 550MPa. The deformation marks observed

in Fig. 7.8a at the end point of the crack surface were analysed in detail. Here,
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Figure 7.7 – a) Numerical curves for polycrystal simulations at 800◦C and stresses
indicated in tension and compression; b) deformation mechanisms activity analysis
for tension and compression simulations under 700MPa and 800◦C. The mechanism
activity is calculated as foct,cub,twin = γoct,cub,twin

γtotal
.

microtwins were found to extend along grain 1 but not grain 2. In the former grain,

two twin systems are active, one of them parallel to the crack surface. This is

in agreement with the grain activity analysis presented in Fig. 7.8b-c, where the

potential active mechanism for each grain was deduced from their Schmid factors.
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7.3. Mid-temperature creep of polycrystalline aggregates

The different active mechanisms for each grain are intimately linked with the crack

propagation path. The crack is found to extend from the sample surface following

the microtwin bands from one of the systems and advancing transgranularly as

indicated by the red line. When the crack path encounters the grain boundary in

its way to untwinned grain 2, it changes from transgranular to intergranular. The

fact that the crack starts propagating along the microtwinned grains is crucial for

the life prediction. This can be due to the lack of strengthening mechanisms in

microtwins boundaries, differing from the preformed grain boundaries which are

carefully strengthened during the alloying process. In this case, it was found that

even though the twinned grains represent only around ≈ 5% of the total number

of grains, their role on the failure mechanism is not negligible. These results are

further proof of the crucial role of microtwinning on the mechanical behaviour of

Ni-based superalloys at high temperatures.

Although the proposed constitutive framework has been particularized for the case

of MD2 superalloy in this thesis, the formulation remains general. If another alloy

is to be modelled, the whole framework is still valid but further calibration and

experimental measurements would be needed. These include:

• Direct atom probe tomography measurements of Co and Cr (or other) con-

centrations in the γ′ phase and at the microtwins for the given alloy.

• Thermodynamic calculations of the alloy diffusivities using CALPHAD.

• Calibration of the properties indicated with a "*" symbol in Table 7.1 and

the elastic constants (C11,C22 and C44)
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7.3. Mid-temperature creep of polycrystalline aggregates
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7.4. Conclusions

7.4 Conclusions
In this chapter, the mechanical behaviour of Ni-based superalloys at 800◦C has

been rationalised using FE and CP modelling. The numerical results presented

here lead to the following conclusions:

• The constitutive model developed in the previous chapter has been imple-

mented in a FE code and its parameters have been identified for the MD2

single crystal superalloy from experimental data obtained in Chapter 3.

• A wide range of stress conditions and orientations has been covered, in

both tension and compression states. Good agreement between numerical

predictions and experimental data was found in terms of the strain-time

curves depending on crystal orientation and stress level.

• The activation of the different deformation mechanisms correlates well with

the ones observed experimentally. A strong connection between the high

anisotropy of superalloys and the activation of microtwinnning has been

found.

• Moreover, the observed relations between elastic rotations during deformation,

number of active slip systems and creep life of the specimen have been

rationalised. The results show that the prevalence of only one active shear

system produces large rotations, softens the material due to the lack of

hardening mechanisms and thus reduces the creep life of the alloy.

• The single crystal constitutive model has been extended into a polycrystalline

framework in order to study the high temperature behaviour of polycrystalline

alloy MD2-CC. The numerical creep curves show good correlation with the
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7.4. Conclusions

experimental tests extending the validation of the model for polycrystalline

alloys.

• The different active mechanisms between tension and compression showed

that microtwinning asymmetry provokes significant changes on the other two

mechanisms.

• Finally, an experimental correlation has been found between the active

deformation mechanism within a grain and the different crack propagation

modes in the grains for polycrystalline alloys. Microtwinning is observed to

promote transgranular crack paths which might lead to premature initiation

of failure, thus reducing the life of the turbine components.

The results presented in this chapter demonstrate the capacity of the model proposed

to predict the mechanical behaviour of Ni-based superalloys at high temperatures.

In addition, the importance of taking into account the coupling between chemistry

and plasticity within this temperature range is highlighted.
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8 Conclusions and future work

8.1 Concluding remarks
This thesis presented a structured experimental and computational study aimed

at providing a deeper understanding of the microtwinning mechanism in Ni-based

superalloys.

First, the activation of the microtwins depending on crystal orientation, stress

and temperature was studied. A systematic series of creep tests varying these

three conditions separately was performed. Results from post-mortem examination

were used to construct an activity map for microtwinning. The crystal orientation

analysis showed that microtwinning is active for 〈001〉 under compression and 〈011〉

under tension. The tension-compression mechanical asymmetry found for these

directions was found to correlate with the appearance of microtwins. In terms

of temperature and stresses, for 〈011〉 crystals under tension, microtwinning was

found to be active under stresses between 625-675MPa and within the temperature

interval 800-825◦C. The formation of these microtwins produced a brittle fracture of

the material. Dislocation density measurements showed that pile-ups of dislocations

at the microtwin boundaries produce stress concentrations thus creating preferable

153



8.1. Concluding remarks

paths for crack propagation.

Second, the underlying diffusion processes was studied using combined transmission

electron microscopy and atom probe tomography. The results revealed chemical

changes at the core of the growing microtwins and other types of faults (CISFs/SISFs,

CESFs/SESFs and APBs). These consist of solute clouds of Co and Cr at the fault

tip and segregation of the same elements to the fault interfaces. This phenomenon

was observed only within the γ′ precipitates where the energy of the faults is

expected higher. This segregation results in a shift of the chemical structure of the

fault from γ′ to γ like chemical composition. This chemical shift was rationalised

in terms of the energy reduction for the complex stacking faults created.

Third, these findings were used to construct a phase transformation model consistent

with the diffusion processes observed experimentally. The model takes into account

the long range diffusion supporting the growing fault and the required short range

reordering at the interface. The output of the model is the fault growth rate. The

results showed only a small influence of the interface reactions under the studied

conditions. The computed growth rates were used in an homogenisation framework

to obtain the macroscopic creep rates. The framework allowed for the recovery of

the creep rate with reasonable accuracy. A criterion for microtwin nucleation was

also proposed. The nucleation stresses obtained for unsegregated and segregated

faults revealed a need for diffusion if microtwinning is to occur. These results

imply that the chemical changes confined locally at faults associated with the high

temperature time-dependent plasticity might contribute significantly to the drop

of the strength observed in the superalloys above 700◦C.

Fourth, the gained understanding was translated into a thermodynamic consistent

model for phase transformations. The model accounts for plasticity in the form of
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cubic and octahedral slip and microtwinning. The latter is treated as a coupled

displacive-diffusive phase transformation by linking the previous diffusion model

with plasticity thermodynamics. The time-dependency of the stacking fault energy

for microtwinning is accounted for. The framework was developed under the

assumptions of finite deformation.

Finally, the continuum framework was used to study the creep behaviour of single

crystal superalloy MD2 at 800◦C. The model parameters were calibrated against

compression creep tests and validated with tensile conditions for 〈001〉, 〈011〉 and

〈111〉 crystals. The model captured the high anisotropy and tension compression

asymmetry observed in the experiments. The activation of the microtwinning for

the different loading conditions correlated with the experimental cases. The model

was then extended to study the polycrystalline MD2-CC. The microstructural

information of the alloy was introduced through the statistical distribution of

grain sizes and crystal orientations. The numerical creep behaviour showed good

agreement with the experimental results. The results showed that the asymmetric

mechanism activity of single crystals is also present within the grains in the

polycrystalline version.

The future development of superalloys needs to include the effect of this new plastic

mechanisms into account. Designing against the segregation-assisted plasticity

presented in this thesis will be critical for the next generation of turbine-disk alloy

and possibly for the high-stressed regions of the single crystal blades. Future

improvements of the work presented in this thesis is presented next.

8.2 Future work
The future developments motivated from this study fall into the following categories:
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• Increasing understanding of mechanism changes in Ni-based superalloys

during the yield stress drop by atomic resolution studies.

• Extension of the model to include more physical dependencies (temperature,

dislocation densities, non-local diffusion and damage)

• Application of the gained knowledge to the computational design of a new

generation of creep resistant alloys.

8.2.1 TEM study of the yield stress drop region

The temperature region between 700-850◦C in Ni-based superalloys is still a contro-

versial topic. The factors leading to softening beyond 800◦C are not well understood

[9] and further systematic experimentation is needed to understand the softening

effects arising in this temperature range. The faults study presented in Chapter

4 using TEM could be extended to other temperatures in the range of interest

(700-850◦C). This would allow to study systematically the changes of chemistry and

dislocation systems that lead to the strength drop in these alloys. An increasing

role of the coupling between dislocation plasticity and segregation with temperature

is expected.

8.2.2 Extension of the model to include temperature de-

pendence and other types of faults

The model developed in this thesis was calibrated at isothermal condition of 800◦C.

The temperature dependence could be added to the constitutive model by adding

a pre-exponential factor of Arrhenius type [148]. Further tests on 〈001〉 and 〈111〉

crystal directions are needed to calibrate this term (activation energy) for cubic slip

and octahedral slip. Additionally for the case of microtwinning, the diffusivity used
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in the low scale phase transformation problem is also dependent on the temperature.

Additionally, the phase transformation theory developed for microtwinning could

be extended to other types of faults. In order to extend the framework, further

chemical atomic analysis of the different faults is needed. Additionally, for the case

of segregation assisted APB shearing, a modification of the phase transformation

model is required. This is due to the fact that for APBs, the segregated region is

constant during the shearing process and thus no further mass of γ stabilisers is

needed once the APB core is segregated.

8.2.3 A dislocation-based crystal plasticity model

The constitutive model presented here could be enhanced by the introduction of

the dislocation densities as an internal state variable. As presented before, for

Ni-based superalloys, the different classes of partial dislocations originate from

different types of dissociations and recombinations of full dislocations during the

secondary creep stage, see Fig. 8.1a. This makes the interdependence between

the different slip and twin systems not solely limited to the hardening interaction

but also to the dislocation reaction kinetics. Several authors have included the

partial nucleation reactions in their models [149, 150] using simplified formulations

(Boolean models). The combination of the reaction laws with physical models for

nucleation kinetics (see Fig. 8.1b) would complete the formulation of the stacking

fault problem in Ni-based superalloys.
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Figure 8.1 – a) Schematics of the dislocation density evolution during a creep test
for Ni-based superalloy in the mid-temperature range (650-850◦C); b) nucleation
diagram for a set of twin partial dislocations at the γ-γ′ interface.

8.2.4 Coupled diffusion-mechanical FE framework for ex-

plicit problems

In the continuum framework proposed here, the diffusion field was assumed to

be contained within the element. This means that the concentration of the new

growing fault was treated as an internal variable even when obtained locally from

the solution of the diffusion field around the stacking fault. This assumption is

accurate for element sizes much larger than the stacking fault height. However, it is

of scientific interest to study explicitly the growth of microtwins at a lower scale, see

Fig. 8.2. This would help understand the role of stress, temperature or strain rate

on determine the characteristic twin thickness and twin fraction. For these studies,

the diffusion field around the twin ledge is larger than the characteristic element

size and the concentration field needs to be solved coupled with the displacement

field [151].
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Rate dependent exponent (m)
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Figure 8.2 – a) Explicit study of the twin growth under tensile deformation for
different levels of plastic strain and comparison with the experimental results; b)
study of the influence of the viscous parameter m of the rate dependency power
law in (6.33) on the twin growth during compression deformation.

8.2.5 Modelling of damage for the microtwin interfaces

The observed enhanced damage associated with the microtwin formation is crucial

for the turbine component integrity. In order to include this critical aspect in the

computational design of the component, a damage model needs to be included in

the framework. Two sources of damage can be identified: non-local dislocation

pile-up and intrinsic twin boundary weakening. From a computational point of

view, two approaches could be followed: continuum damage or explicit damage

frameworks. The former refers to the kind of models that accounts for the damage

in the constitutive equations as an internal variable [148]. The latter requires
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FE models of higher complexity to define explicitly the crack track and damage

propagation [152].

8.2.6 Coupling engineering and alloy-by-design

The findings reported in this thesis provide a deep understanding of the mechanisms

that produce creep deformation in a critical design range for superalloys (650-850◦C).

This can be used in combination with thermodynamical databases to propose novel

alloys compositions with better creep properties for a given component, see Fig.

8.3. The mechanical behaviour of the component to optimise is calculated in a

dual scale model where the chemical dependence is taken into account by the phase

transformation theory. Then this component behaviour is associated with a merit

index for each alloy composition. Optimal alloys can therefore be selected and

tested for different priority requirements: cost, creep life, formability, etc.
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Figure 8.3 – Multiscale framework proposed for coupling chemical composition and
component design. The critical conditions for the component are calculated in a
two scale model connected by stress boundary conditions. The lower scale contains
the chemical and microstructural information. Then a merit index map built on
the basis of the component performance can be designed. Chemistry map from
Zhu et al. [153]
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A Details on the mathematical

formulation

A.1 Velocity gradient (l)
The velocity gradient l in the current configuration Ω is defined as:

l = ∇xv = ḞF−1 (A.1)

where each of the terms Ḟ and F−1 can be expressed from the definition of the

deformation gradient F = FeFp = FeFp:sFp:tr as:


Ḟ = ḞeFp:sFp:tr + FeḞp:sFp:tr + FeFp:sḞp:tr

F−1 = F−p:trF−p:sF−e
(A.2)

and introducing this in Eq. A.1:

l = ḞeFp:sFp:trF−p:trF−p:sF−e+FeḞp:sFp:trF−p:trF−p:sF−e+FeFp:sḞp:trF−p:trF−p:sF−e

(A.3)
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A.2. Stress power (σσσ : d)

The simplification of this expression leads to:



l = ḞeFp:sFp:trF−p:trF−p:sF−e + FeḞp:sFp:trF−p:trF−p:sF−e + FeFp:sḞp:trF−p:trF−p:sF−e

⇒ l = ḞeF−e︸ ︷︷ ︸
le

+Fe Ḟp:sF−p:s︸ ︷︷ ︸
Lp:s

F−e + Fe Fp:sḞp:trF−p:trF−p:s︸ ︷︷ ︸
Lp:tr

F−e

⇒ l = le + FeLp:sF−e + FeLp:trF−e

(A.4)

where le is the elastic contribution to the velocity gradient in the current configura-

tion, Lp:s is the plastic component associated with standard slip and Lp:tr is the

contribution of irreversible phase transformations to the velocity gradient both in

the intermediate relaxed configuration Ω.

A.2 Stress power (σσσ : d)
The stress power σ : d can be additionally decomposed into the elastic and plastic

contributions by using Eq. A.4:

σ : d
le=de+we

σ:we=0−−−−−−→ σ : de︸ ︷︷ ︸
1

+ σ : FeLp:sF−e︸ ︷︷ ︸
2

+ σ : FeLp:trF−e︸ ︷︷ ︸
3

(A.5)

where the symmetry of the cauchy stress tensor has been used (σ : w = 0) [34]. The

first term stands for the elastic power, the second term is the contribution of the

the standard slip deformation and the last term is the transformation deformation

contribution. In order to define each term in the most convenient configuration,

the elastic term can be conveniently expressed in Ω0 and the plastic terms in Ω.

The terms in Eq. A.5 can be rearranged using the mathematical expressions in

Section A.3 :
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A.3. Proof of mathematical relationships

• (1) σ : de σ=J−1FS0FT−−−−−−−−→ J−1( F︸︷︷︸
A

S0FT︸ ︷︷ ︸
B

) : de︸︷︷︸
C

(AB):C=B:(ATC)−−−−−−−−−−−→ J−1( S0︸︷︷︸
A

FT )︸︷︷︸
B

:

(FTde︸ ︷︷ ︸
C

) (AB):C=A:(CBT )−−−−−−−−−−−→ J−1S0 : (FTdeF)

• (2) σ : (FeLp:sF−e) σ=J−eF−eTMFeT
−−−−−−−−−−−→ J−e(F−eTMFeT︸ ︷︷ ︸

A

) : (FeLp:s︸ ︷︷ ︸
B

F−e︸︷︷︸
C

) A:(BC)=(ACT ):B−−−−−−−−−−−→

J−e(F−eT︸ ︷︷ ︸
A

M�����FeTF−eT︸ ︷︷ ︸
B

) : (FeLp:s︸ ︷︷ ︸
C

) (AB):C=B:(ATC)−−−−−−−−−−−→ J−eM : (����F−eFeLp:s) →

J−eM : Lp:s

• (3) σ : (FeLp:trF−e) σ=J−eF−eTMFeT
−−−−−−−−−−−→ J−e(F−eTMFeT︸ ︷︷ ︸

A

) : (FeLp:tr︸ ︷︷ ︸
B

F−e︸︷︷︸
C

) A:(BC)=(ACT ):B−−−−−−−−−−−→

J−e(F−eT︸ ︷︷ ︸
A

M�����FeTF−eT︸ ︷︷ ︸
B

) : (FeLp:tr︸ ︷︷ ︸
C

) (AB):C=B:(ATC)−−−−−−−−−−−→ J−eM : (����F−eFeLp:tr) →

J−eM : Lp:tr

where M is the Mandel stress tensors in Ω. Substituting these terms in Eq. 6.8

leads to:

σ : d = J−1(JpM : Lp:s + JpM : Lp:tr + S0 : FdeF) (A.6)

A.3 Proof of mathematical relationships
• A : (BC) = (BTA) : C

A : (BC) = AijBklCmnδlmδikδjn = AijBilClj

(BTA) : C = BijAklCmnδikδjmδln = BijAilCjl = AilBijCjl = AijBilClj

• A : (BC) = (ACT ) : B

A : (BC) = AijBklCmnδlmδikδjn = AijBilClj

(ACT ) : B = AijCklBmnδjlδimδkn = AijCkjBik = AijBikCkj = AijBilClj

• (AB) : C = B : (ATC))

(AB) : C = AijBklCmnδjkδimδln = AijBjlCil
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A.3. Proof of mathematical relationships

B : (ATC) = BijAklCmnδkmδilδjn = BijAkiCkj = AkiBijCkj = AijBjlCil
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